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As excellent candidates for structural materials, the mechanical behavior of bulk 
metallic glasses (BMGs) is being widely studied. Although their fatigue behavior is very 
important for engineering applications, there are few studies on their fatigue behavior. 
Moreover, the understanding of the fatigue behavior is pretty limited.  
High-cycle fatigue experiments were conducted on notched Zr-based BMGs 
under tension-tension loading in air and vacuum at room temperature. A sparking 
phenomenon was found by infrared camera at the final fracture moment of 
Zr50Al10Cu30Ni10 in air. The fatigue-endurance limit (983 MPa) of Zr50Cu37Al10Pd3 was 
greatest among these Zr-base BMGs in air. The fatigue lives in vacuum and air are 
generally similar. 
LM001 and LM002 are commercial Zr-based BMGs. The X-ray diffraction 
results show that LM001 is a monolithic BMG and LM002 is a BMG composite 
containing crystalline phases. The fatigue-endurance limit (239 MPa) of LM002 was 
found to be significantly lower than that (567 MPa) of LM001, which indicates that the 
crystalline phase could degrade the resistances to fatigue.  
The compression strengths of Zr-based BMGs with partial crystallization are 
comparable to those of their fully amorphous alloys. However, the fatigue-endurance 
limits of these BMGs with partial crystallization were much lower than those of their 
fully amorphous alloys, which suggested that the fatigue behavior of a BMG is very 
sensitive to the microstructure. 
Fatigue cracks initiate from the outer surface of the sample, inclusions, and/or 
porosity. The propagation region exhibits a typical striation-type fracture. The final fast 
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fracture region was very rough and occupied most of the fracture surface. The vein 
pattern and droplets with a melted indication were observed in the apparent melting 
region. A mechanistic understanding of the fatigue behavior of the Zr-based BMGs is 
suggested. 
The ratio of the fatigue-endurance limit to the tensile strength seems to increase 
with increasing Poisson’s ratio. Moreover, The fatigue endurance limits of Zr-based, Cu-
based, and Fe-based BMGs and composites were comparable to those of ductile 
crystalline alloys. The fatigue-endurance ratios of Zr-based BMGs were found to be 




EXTENSION OF ABSTRACT 
 
 
Bulk-metallic glasses (BMGs) are an intriguing new class of amorphous 
materials. Because of the absence of grain boundaries and slip planes compared with the 
crystalline alloy of the same chemical composition, BMGs exhibit many excellent 
properties: high strengths, high hardness, excellent elasticity, low coefficients of friction, 
near-net-shape casting, and almost perfect as-cast surfaces. As excellent candidates for 
structural materials, great scientific and technological interests in BMGs have already 
been paid. The mechanical behavior of metallic glasses is being widely studied. 
However, because traditional notions of crystal defects (e.g., dislocations and grain 
boundaries) do not apply, the real nature of the deformation mechanisms in these 
amorphous alloys still remains unclear. Since BMGs can be applied as potential structural 
materials, their fatigue behavior is very important for engineering applications. However, 
there are few studies of the fatigue behavior of BMGs. Moreover, the understanding of 
the fatigue behavior of BMGs is pretty limited. The fatigue experiments have been 
preformed on various zirconium (Zr)-based BMGs. However, these results showed that 
the fatigue-endurance limits, based on the stress range, were approximate 6-50 % of the 
ultimate tensile strengths. What caused such a large difference among these fatigue 
results of Zr-based BMGs? Studying the fatigue behavior of BMGs in detail could 
answer this question.  
High-cycle fatigue (HCF) experiments were conducted on notched Zr-based 
BMGs: Zr50Cu40Al10, Zr50Cu30Al10Ni10, Zr50Cu37Al10Pd3, and Zr41.2Cu12.5Ni10Ti13.8Be22.5 
in atomic percent, using an electrohydraulic machine at a frequency of 10 Hz under 
 viii
tension-tension loading with an R ratio of 0.1. Note that R = Pmin/Pmax, where Pmin and 
Pmax are the applied minimum and maximum loads, respectively. The X-ray diffraction 
and transmission electron microscopy (TEM) results show that Zr50Cu40Al10, 
Zr50Cu30Al10Ni10, and Zr41.2Cu12.5Ni10Ti13.8Be22.5 have an amorphous structure. However, 
Zr50Cu37Al10Pd3 contains some nano structures. The fatigue tests were conducted in air 
and vacuum at room temperature. A high-speed and high-sensitivity thermographic 
infrared (IR) imaging system has been used for the nondestructive evaluation of the 
temperature evolution during fatigue testing of BMGs. Limited temperature evolution 
was observed during fatigue. A sparking phenomenon was found at the final fracture 
moment of Zr50Cu30Al10Ni10 in air. However, no sparking phenomenon was found at the 
final fracture moment of Zr50Cu30Al10Ni10 in vacuum and other Zr-based BMGs. The 
stress-concentration factor (Kt) is 1.55 of the stress acting over the notched section. The 
value of the stress-concentration factor that was applied to the stress-range value is in 
good agreement with the numerical value obtained by the finite-element analysis (FEA). 
The fatigue-endurance limit (983 MPa) of Zr50Cu37Al10Pd3, based on the stress range, 
was found to be significantly greater than those of Zr50Cu40Al10 (752 MPa), 
Zr50Cu30Al10Ni10 (865 MPa), and Zr41.2Cu12.5Ni10Ti13.8 Be22.5 (Batch 59: 703 MPa and 
Batch 94: 615 MPa) in air, which indicates that the inclusions of Pd and, thus, nano 
structures improve the fatigue resistances of the Zr-based BMGs. The fatigue lives in 
vacuum are generally comparable with those in air. 
LM001 and LM002 are commercial Zr-based BMGs. The X-ray diffraction 
results show that LM001 is a monolithic BMG, and LM002 is a BMG composite 
containing crystalline phases. The HCF fatigue experiments were performed on the 
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tapered samples at a frequency of 10 Hz with an R ratio of 0.1 under tension-tension 
loading. The test environment was air at room temperature. The fatigue-endurance limit 
(239 MPa) of LM002, based on the stress range, was found to be significantly lower than 
that (567 MPa) of LM001, which indicates that the crystalline phase could degrade the 
resistances to fatigue. The tension-tension fatigue S (applied stress) – N (lifetime) curve 
of the present composite was found to be comparable with the four-point-bend result of 
the composite in the literature. However, the tension-tension fatigue lifetime of the 
present monolithic BMG was much greater than that of the four-point-bend of the 
monolithic BMG in the literature.   
The investigation of the mechanical properties and the fatigue behavior were 
also conducted on Zr50Cu40Al10, Zr50Cu30Al10Ni10, and Zr50Cu37Al10Pd3 (in atomic 
percent) BMGs with partial crystallization that were characterized by the X-ray 
diffraction. The compression tests were performed in air at room temperature. Under 
compressive loading, after the elastic deformation, no obvious plasticity occurred before 
the final shear fracture. The compression strengths are comparable to those of fully 
amorphous alloys. Four-point-bend fatigue experiments were performed on these BMGs 
in air at room temperature. However, the fatigue-endurance limits of these BMGs were 
much lower than those of fully amorphous alloys. These results suggested that the fatigue 
behavior of a bulk-metallic glass is very sensitive to the microstructure while the 
compression strength is not. 
Lastly, the fatigue behavior of Zr50Cu40Al10 and Zr50Cu30Al10Ni10 BMGs, in 
atomic percent, under three- and four-point-bend loading was attempted. The fatigue 
results of three-point-bend tests are comparable to those of tension-tension loading 
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experiments. However, four-point-bend testing could obtain lower fatigue endurance 
limits than three-point-bend testing. Regarding the effects of the testing volume on the 
fatigue behavior, further research is needed. 
After fatigue testing, the fracture surfaces are usually investigated very carefully 
by employing the scanning-electron microscopy (SEM) to provide a mechanistic 
understanding of fatigue behavior. The fracture morphology indicates that the whole 
fracture surface after the fatigue experiment comprises four main regions: the fatigue-
crack initiation, crack propagation, fast fracture, and apparent melting regions. Fatigue 
cracks initiate from the outer surface of the sample, clusters of crystalline phases, 
inclusions, and/or porosity. The propagation region exhibits a typical striation-type 
fracture. The final fast fracture region was very rough and occupied most of the fracture 
surface. The vein pattern and droplets with a melted indication were observed in the 
apparent melting region along the edge of the fractured surface, which indicates that the 
temperature was very high at the moment of final fracture. A mechanistic understanding 
of the fatigue behavior of the Zr-based BMGs is suggested. An apparent fracture 
toughness was calculated from the measurement of the crack-propagation region of the 
fatigue-fractured surface, which seems to increase with increasing the maximum stress. 
The relationship between the fatigue behavior and the Poisson’s ratio or elastic 
modulus ratio was investigated. The ratio of the fatigue-endurance limit to the tensile 
strength seems to increase with increasing Poisson’s ratio. A possible relationship 
between the ratio of the fatigue-endurance limit to the tensile strength and the ratio of the 
shear modulus to the bulk modulus is developed.  
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Moreover, the fatigue-endurance limits of Zr-based, Cu-based, and Fe-based 
BMGs and composites, and some crystalline alloys are compared and discussed. The 
fatigue-endurance limits of these BMGs were comparable to those of ductile crystalline 
alloys. The fatigue-endurance ratios of Zr-based BMGs were found to be comparable 
with those of high-strength crystalline alloys, such as steels and titanium alloys. 
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CHAPTER 1: INTRODUCTION 
In the past few years, much interest has been drawn upon bulk-metallic glasses 
(BMGs) [1, 2]. Following the discovery of new alloys with good glass-forming abilities 
(GFA), the critical cooling rates for making metallic glasses decreased from 105-106 K/s 
to 100-103 K/s [2, 3]. The low critical cooling rates make it possible to prepare BMGs by 
a conventional copper-mold-casting technique [1-2, 4-6]. Metallic glasses can be 
fabricated in binary, ternary, and multi-component alloy systems. As a result, BMGs 
systems have been widely extended to Zr- [4-5], Fe- [7-8], Pd- [9-10], Al- [11-12], Ni- 
[13-14], Cu- [15-16], Mg- [17-18], and Ti-based alloys [19-20]. In addition, the critical 
casting thickness of samples increased from less than 1 mm to over 70 mm [2]. The large 
size of samples motivates researchers to study all kinds of physical and chemical 
properties of BMGs. The research reveals that BMGs are significantly different from 
crystalline materials. Since they lack grain boundaries and any long-range order, it is well 
known that BMGs have many excellent physical and chemical properties: high strengths 
(even ultrahigh strength of over 5 GPa), low coefficients of frictions, high wear 
resistances, high corrosion resistances, near-net-shape casting, almost perfect as-cast 
surfaces, good soft magnetic, and high electro-chemical discharge capacities [1-2, 21-22]. 
Moreover, BMGs retain ductility at cryogenic temperatures [23-25]. These works open 
up the window for applying the BMGs to new industrial products with a high 
performance, such as Ni-based BMGs microgears [21], Fe-based BMGs yokes for linear 
actuators [21], and Zr-based BMGs golf-club heads [1, 26-27].  
Since BMGs can be applied as potential structural materials, the mechanical 
properties of BMGs are being studied extensively [23-25, 28-32]. Their fatigue behavior 
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is also very important for engineering applications. But little attention has been paid to 
the fatigue study, especially the fatigue behavior in controlled environments. Moreover, 
the fatigue behavior is poorly understood [33-41]. The results of four-point-bend fatigue 
experiments on VITRELOY 1 [Zr41.2Cu12.5Ni10Ti13.8Be22.5 (in atomic percent, at. %)] 
beam specimens showed that the fatigue-endurance limits, based on the stress range, were 
approximate 6-10% of the ultimate tensile strengths [33-35, 40]. These values are very 
low, compared to conventional crystalline alloys, such as high-strength steels, copper, 
and aluminum alloys, whose fatigue-endurance limits are typically 30-40% of the 
ultimate tensile strengths. On the other hand, Peter et al. [36-37] performed tension-
tension fatigue tests on notched BMG-11 (Zr52.5Cu17.9Al10Ni14.6Ti5) samples, and 
Yokoyama et al. [42] did rotating-beam fatigue experiments on other Zr-based BMGs. 
They found fatigue-endurance limits as high as 40-50% of the ultimate tensile strengths. 
Why is there such a large difference among these fatigue results of BMGs? As we know, 
any processing that changes the static mechanical properties or microstructure is also 
likely to affect the fatigue behavior of materials. Additional important factors include the 
mean stress, specimen geometry, chemical environment, temperature, cyclic frequency, 
residual stress, surface condition, and sample quality. Some factors must play an 
important role in affecting the fatigue behavior of BMGs. Crystal characteristics (e.g., 
dislocations and grain boundaries) are not present in BMGs. Then, what is the real nature 
of the deformation mechanisms in these BMGs? The intensive studies on the 
inhomogeneous deformation have been done via tensile, compression, and indentation 
tests during the last two decades [43-46]. Although understandings are still somewhat 
contradictory, it is consistent that the inhomogeneous deformation of metallic glasses is 
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characterized by shear banding. The macroscopic plastic-flow behavior of metallic 
glasses is greatly influenced by shear banding on a nanometer scale [47-51]. 
Nevertheless, the characteristic for the formation of shear bands is still unknown during 
the cyclic deformation of metallic glasses. When will shear bands form? Another 
interesting question is how the fatigue crack initiates and propagates in metallic glasses 
because there are no grain boundaries in amorphous materials. The introduction of the 
second phase can improve the ductility of BMGs [52-54]. Whether can the second phase 
improve the fatigue behavior of BMGs? How does it work? To answer these questions, it 
is necessary to study the fatigue behavior of BMGs and BMG composites in detail.  
The objectives of the present study are 1) to investigate the fatigue behavior of 
various BMGs and BMG composites, 2) to conduct nondestructive evaluation of the 
temperature evolution during fatigue studies of BMGs by an infrared (IR) imaging 
system, 3) to provide a mechanistic understanding of the fatigue behavior of BMGs and 
BMG composites, and 4) to develop theoretical models to predict fatigue lives of BMGs 
and BMG composites.  
The primary goal of the present thesis work is to study the factors that have 
effects on the fatigue behaviors of BMGs and understand the mechanisms of the fatigue 
fracture. Firstly, a literature survey is provided to understand current issues on BMGs.  
Then, in Chapter 3, the fabrication of BMGs and the preparation of specimens will be 
presented since the present thesis is based on the manufacture of these BMGs and BMG 
composites. All materials were provided by Professor Yokoyama at Tohoku University, 
Japan and Dr. Peker at Liquidmetal Technologies, USA. Next, the equipment employed 
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in the current research is described in this chapter. These are absolutely key for studying 
and understanding the fatigue behavior of BMGs and BMG composites.  
Of course, the bulk of the current works were the studies of the fatigue 
behavior. Experiments were conducted on various BMGs in air or vacuum environments 
and different loading conditions. Samples with different compositions were tested to 
observe the composition effects of BMGs. The chemical compositions have significant 
effects on the fatigue behavior of Zr-based BMGs. Thus, by tailoring the chemical 
compositions of BMGs, it is possible to optimize the fatigue resistance of BMGs, 
provided that the effect of the chemical composition on fatigue behavior is understood. 
The nondestructive evaluation of the temperature evolution was conducted during fatigue 
experiments of BMGs by an infrared imaging system. A sparking phenomenon was 
found at the final fracture moment of Zr50Cu30Al10Ni10 in air. Although no sparking 
phenomenon was found at the final fracture moment of Zr50Cu30Al10Ni10 in vacuum and 
other Zr-based BMGs in air and vacuum, the fracture section was very bright at the 
moment of the specimen fracture, which meant that the temperature of the fracture 
section was very high at that time. This characteristic is consistent with the observation of 
the fracture surfaces by a scanning electron microscopy (SEM). Tension-tension fatigue 
experiments performed on the tapered BMGs and BMG composites revealed that 
microstructure has an important effect on the fatigue behavior of BMGs. Similarly, the 
four-point-bend fatigue studies on the partially crystallized BMGs also proved that 
cystallinity could have a detrimental effect on the fatigue behavior of BMGs, although it 
seems that there is no obvious effect on the strength of BMGs. Three- and four-point 
bending studies were conducted and compared to the results of uniaxial tests. Thus, the 
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effect of the testing volume on the fatigue behavior could be understood. Several fracture 
surfaces after fatigue testing were observed under SEM to help identify mechanisms that 
caused failure. Thus, a mechanistic understanding of the fatigue behavior of the Zr-based 
BMGs is proposed. In addition, a possible relationship between the ratio of the fatigue-
endurance limit to the tensile strength and the ratio of the shear modulus to the bulk 
modulus or the Poisson’s ratio will be developed and discussed. Lastly, it was usually 
found that the fatigue endurance limits of these BMGs were comparable to those of 
ductile crystalline alloys and the fatigue-endurance ratios of Zr-based BMGs were found 
to be comparable with those of high-strength crystalline alloys, such as steels and 





CHAPTER 2: REVIEW OF LITERATURE 
2.1. What is the Bulk Metallic Glass? 
The conventional bulk metallic materials are being used in every aspect of our 
daily life. These conventional bulk metallic materials in practical uses are limited by their 
crystal structure for the last several thousands years. Here bulk materials imply that the 
thickness and/or diameter are larger than several millimeters [55]. The atomic structure of 
conventional metals and alloys is periodic, where the layout of atomic elements shows 
repeating patterns over an extended range. Many dislocations and grain boundaries exist 
in these crystalline materials [Figure 1(a)] (All Figures are located in Appendix) [27]. 
Dislocations are the source of movements under load that prevents crystalline alloys from 
achieving the theoretical strength inherent in an atom-to-atom bond. Grain boundaries are 
very active in relation to the surface energy and promote corrosion and/or chemical 
reactions, such as oxidation and sulfidation. The limits of the bulk materials structure 
were broken through when a number of bulk alloys with a glassy structure were 
synthesized in many alloy systems by various casting methods [55]. In the amorphous 
glassy structure, atoms are randomly packed, obviating the corrosion-path grain 
boundaries [Figure 1(b)] [27]. The lack of dislocations leads to favorable wear resistances 
to abrasive particles and metal-to-metal contacts, non work-hardening and, together with 
the lack of boundaries, leads to a low coefficient of friction, near theoretical strengths, 
and an outstanding resistance to cavitations.  
Numerous amorphous materials, such as polymers, have been used widely. 
However, amorphous alloys are comparatively newcomers to the amorphous materials 
group. The amorphous phase may form within some metallic/intermetallic alloys during 
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solidification when the cooling rates are high enough to suppress crystallization in the 
melt and, therefore, at a critical temperature (glass transition temperature, Tg), the liquid 
is frozen into the solid state without any long-range order of the crystal. Except that 
amorphous thin films were successfully deposited at very low temperatures, highly 
disordered arrangements of the atoms like that of the liquid state have never been 
discovered in solid metals and alloys prior to 1960s. However, it was not until 1960 that 
Klement, Willens, and Duwez at the California Institute of Technology (Caltech) 
reported the first synthesis of an amorphous solid by rapidly quenching a Au-Si alloy 
directly with rates up to 106 K/s for the vitrification from ~ 1,300 °C to room temperature 
[56]. Thus, the specimen geometry was restricted to thin ribbons, foils, and powders, 
where at least one dimension was small enough like the order of µm, to permit such a 
high cooling rate. They also found that the amorphous foil is quite unstable at room 
temperature, and it is possible that some decomposition could have occurred during the 3-
hr exposure [56]. Their work revealed that the process of the nucleation and growth of 
crystalline phases could be kinetically bypassed in some molten alloys to form metallic 
glasses, a frozen liquid configuration. The significance of Duwez’s work was that their 
method permits large quantities of an alloy to be made into a glassy state comparing to 
other methods, for instance, vapor condensation. From then on, the formation, structure, 
and property studies of metallic glasses have attracted increasing attentions because of 
their fundamental scientific importance and engineering application potentials [57-59].  
In the 1960s, Chen and Turnbull developed amorphous alloys of ternary Pd-Si-
N with N = Ag, Cu, or Au. The alloy, Pd-Cu-Si, could be made glassy with a diameter of 
up to 1 mm [58]. In addition, Chen made systematic investigations on Pd-Si-based, Pd-P-
 7
based, and Pt-P-based alloys in 1974 and obtained a critical casting thickness on 1-3 mm 
in these alloys by quenching the melt, contained in a drawn fused quartz capillary, into 
water [59]. The first bulk metallic glass was, to some extent, the ternary Pd-Cu-Si alloy 
prepared by Chen. In the early 1980s, the Turnbull group continued to study Pd-Ni-P 
alloys. The heterogeneous nucleation was decreased by subjecting the specimens to 
surface etching followed by a succession of heating and cooling cycles, and, thus, glassy 
ingots of Pd40Ni40P20 with a diameter of 5 mm were fabricated [60]. In 1984, the Turnbull 
group had extended the critical casting thickness to 1 cm by processing the Pd-Ni-P melt 
in a boron oxide flux [61]. At that time, however, people did not realize the potential for 
BMG compositions to become widespread and to have their possible applications. 
Although the formation of Pd-based BMG is an exciting achievement, the interests were 
only confined in the academic field because of the high cost of the Pd metal. Yet the 
activity of the development of new BMG systems and the related research persist.  
In the late 1980s, Inoue et. al. successfully discovered new multicomponent 
alloy systems that mainly comprised common metallic elements with lower critical 
cooling rates [62-63]. They observed an exceptional GFA in the rare-earth-based alloys, 
for example, La-Al-Ni and La-Al-Cu [62]. By casting the alloy melt in water-cooling 
Copper molds, they obtained fully glassy rods and bars with thicknesses of several 
millimeters. Based on these works, the researchers developed similar quaternary and 
quinary amorphous alloys at cooling rates under 100 K/s, and the critical casting 
thicknesses could reach several centimeters [64]. Some similar alloys with rare-earth 
metals partially replaced by Mg were also developed, such as Mg-Cu-Y and Mg-Ni-Y 
alloys, along with a family of multicomponent Zr-based BMGs (e.g., Zr-Cu-Ni, Zr-Cu-
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Ni-Al BMGs) [65-66]. In addition, Johnson and Peker developed a pentary alloy based 
on Zr-Ti-Cu-Ni-Be with significantly lower critical cooling rates down to 1 K/s in 1992 
[67]. The alloy, Zr41.2Cu12.5Ni10Ti13.8Be22.5, became known as VITRELOY 1 (Vit 1), the 
first commercial BMG. Starting with the first metallic glass developed by Duwez et al., 
the critical casting thickness increased by more than three orders of magnitudes in the last 
40 years. Figure 2 shows the critical casting thickness as a function of the year of 
discovery [2]. Over the last two decades, many glass-forming alloy systems were 
discovered, which involved binary, ternary, and multi-component alloy systems. These 
metallic-glass alloy systems included Zr- [4-5], Fe- [7-8], Pd- [9-10], Al- [11-12], Ni- 
[13-14], Cu- [15-16], Mg- [17-18], and Ti-based alloys [19-20]. These alloy systems are 
summarized in Table 1 (All tables are located in Appendix) along with the year in which 
the first paper or patent was published on each system [68-69]. Currently, research in the 
area of BMGs is growing significantly. Amorphous alloys can be fabricated into bulk 
forms, ranging from several millimeters to several centimeters in thickness, by slow-
cooling multicomponent alloy systems. Thus, “Bulk Metallic Glasses” (BMGs), “Bulk 
Amorphous Alloys” (BAAs), “Bulk Amorphous Materials” (BAMs), or “Bulk Glassy 
alloys” (BGAs) are commonly used to call these large glassy metals up to now. By 
introducing specific nanocrystalline phases in an amorphous matrix, nano-scale 
composite materials were developed, which demonstrate the improved plasticity and 
toughness, compared with monolithic amorphous materials [52-54, 70-71]. Therefore, the 
synthesis of metallic-glassy matrix composites with improved mechanical and other 
properties is a promising way for broadening the applications of the BMGs. 
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2.2. Glass-Forming Ability of Bulk Metallic Glasses 
The glass forming ability (GFA) is the term used to evaluate the ease with 
which an alloy melt can be vitrified during the solidification. The most straightforward 
indicators of GFA are the critical cooling rate (Rc) and the maximum sample thickness 
(Zmax). Alloys with high GFA have a lower Rc and greater Zmax. Although these indicators 
are fundamental parameters, they are difficult to measure precisely and do not tell much 
about the potential of an alloy system to be vitrified into the amorphous state. Thus, more 
simple, reliable and measurable gauge of GFA is needed to develop new amorphous 
alloys. Academically, the work of Turnbull and coworkers had made crucial contribution 
to the discipline [72]. The glass transition was found to occur at a rather well-defined 
critical temperature, which varied only slightly as the heating rate was changed. Turnbull 
predicted that a ratio, referred to as the reduced glass transition temperature Trg = Tg/Tm, 
of the glass transition temperature to the melting point, Tm, or liquidus temperature, Tl, of 
an alloy, can be used as a criterion for determining GFA of the alloy [72]. When the 
interval between Tg and Tm decreases, the value of Trg increases, so that the probability of 
being able to cool through the interval between Tm and Tg without crystallization is 
enhanced, therefore the GFA is increased. According to Turnbull’s criterion, a liquid with 
Tg/Tm = 2/3 becomes very inactive in crystallization within the laboratory-time scale and 
can only crystallize within a very narrow temperature range. Such liquid can, thus, be 
easily undercooled at a low cooling rate into the glassy state. Up to now, the Turnbull 
criterion for the suppression of crystallization in undercooled melts remains one of the 
best ‘‘rule of thumb’’ for predicting the GFA of any alloy. It has played a key role in the 
development of various metallic glasses. The relationship among Rc, Zmax, and Trg for 
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various amorphous alloys is given in Figure 3 [68]. Note that the recent improvement of 
GFA reaches 6-8 orders slower for the critical cooling rate and 4 orders greater for the 
maximum thickness in comparison with ordinary amorphous alloys. There is a clear 
tendency for GFA to increase with increasing Trg [68].  
Upon annealing in an amorphous phase, it is known that crystal nuclei start to 
form and grow at a temperature that is called the crystallization temperature (Tx). The 
temperature interval (∆Tx) between the Tx and Tg is defined as the supercooled liquid 
region, which is an indicator of the stability of the amorphous phase to crystallization. 
The parameter, ∆Tx = Tx - Tg, has been emphasized by Inoue [65, 73-76]. This parameter 
indicates that the larger the accessible supercooled liquid region is, the greater the glass-
forming ability is. Figure 4 shows the relationship among Rc, Zmax, and ∆Tx for BMGs. 
Similarly, a clear tendency could be found that GFA increased with increasing ∆Tx. The 
value of ∆Tx exceeds 100 K for several amorphous alloys in Zr-Al-Ni-Cu and Pd-Cu-Ni-
P systems, and the largest ∆Tx reaches 127 K for the Zr-Al-Ni-Cu based BMGs [1]. 
Both ∆Tx and Trg are usually widely-used indicators of GFA for metallic 
glasses. However, they could show contradicting results in some alloy systems, such as 
Pd40Ni40-xFexP20 (0 ≤ x ≤ 20), Fe-(Co,Cr,Mo,Ga,Sb)-P-B-C, and Mg65Cu15M10Y10 (M = 
Ni, Al, Zn and Mn) [77]. Therefore, the reliability of these indicators is in question, and 
further investigation is necessary to obtain a better and more reliable criterion to reflect 
the GFA of metallic glasses. Lu and Liu [77, 78] analyzed factors that associate with 
GFA from the perspectives of the devitrification and amorphitization and found that GFA 
of metallic glasses associates with two factors, Tx/Tg and Tx/Tl, from the perspective of 
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crystallization processes during both reheating and cooling of the undercooled liquid. 
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Based on this relationship, they proposed a new parameter, γ, that could be a 
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The critical cooling rate and the maximum sample thickness as a function of the 
parameter, γ, for BMGs were also developed for the representative metallic glasses, as 
shown in Figure 5 and Figure 6 [78]. The relationship between the critical cooling rate 
and the parameter, γ, is expressed in an approximation formula [78]: 
Rc = Ro exp[(-lnRo/γo)γ]    (3) 
where Ro and γo are constants, Rc is in K/s, and γ is dimensionless. Ro represents the 
critical cooling rate for a material with a γ value of zero, and γo is the corresponding γ 
value for a material having a Rc value of 1 K/s. The maximum sample thickness for 
BMGs can, then, be estimated using the formula below [78]: 
Zmax = Zo exp[(-lnZo/γ1)γ]    (4) 
where Zo and γ1 are constants, and Zmax is in millimeters. Zo and γ1 indicate the attainable 
maximum diameter for a BMG material with a γ value of zero and the corresponding γ 
value for a BMG material that can form a glass state with the least dimension of 1 mm, 
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respectively. A differential scanning calorimetry (DSC) or differential thermal analysis 
(DTA) was employed to measure three important temperatures: the liquidius temperature 
(Tl), the glass-transition temperature (Tg), and the crystallization temperature (Tx). Figure 
7 schematically shows a typical DSC curve that displays the common definitions of these 
temperatures in the field of BMGs [78]. Thus, the parameter, γ, is easy to calculate. 
Therefore, these two equations can be utilized to estimate Rc and Zmax when γ is obtained 
readily from DSC/DTA measurements. 
Although Trg, ∆Tx, and γ used as indicators of the GFA for metallic glasses 
reflect the relative GFA among BMGs on the basis of the characteristic temperatures 
measured by DSC or/and DTA, the development of a predictive model that identifies the 
alloy families and the composition ranges that would form BMGs remains a great 
scientific challenge. Currently, the discovery of BMG alloy systems progresses by 
empiricism. The most widely accepted empirical rules for the formation of metallic 
glasses was framed by Inoue et al [74]. They suggest that BMGs can be formed by 
multicomponent systems that followed these rules [1, 73-76]: 
(1) multicomponent systems consisting of more than three elements,  
(2) significant difference in atomic-size ratios above about 12% among the three 
main constituent elements, and  
(3) negative heats of mixing among the three main constituent elements.  
These rules are based on a number of BMGs that were successfully developed. 
When the first two criteria were appreciated at the beginning of the study of metallic 
glasses, the need for multicomponents has been recognized as being of great importance. 
The rationale behind this criterion depends on the following arguments. An exploration 
 13
into the crystal structures of compounds and solid-solution phases reveals that as the 
order of a structure goes from an element to binary, ternary and higher order, the number 
of new structure types diminishes. Thus, the long-range diffusion is necessary for the 
crystal nucleation to occur in the melt of a multicomponent system. The introduction of a 
new component into an alloy also introduces a local atomic level strain along with a 
chemical disorder that frustrated the crystallization. For two atoms of different sizes, 
there exists a critical maximum solubility in both solid solutions. Outside these critical 
concentrations, the solid solutions become topologically unstable with respect to the 
transformation to the glassy phase. Multicomponent glass-forming alloys contain 
elements with significant differences in their atomic sizes. Due to this, the random 
packing density of the alloy increases. Egami [79] has extended his earlier work on the 
topological criterion to the local structural instability. He has proposed that 
multicomponent alloys may experience a wide distribution in local glass transition 
temperatures. It is expected that higher order eutectics with low melting points may be 
good glass forming compositions. For example, a quaternary eutectic in Pd-Cu-Ni-P and 
a quinary eutectic in Zr-Ti-Cu-Ni-Be are regions favorable for glass formation. It is clear 
that the search for BMGs has to be carried out in higher order phase diagrams, and the 
theoretical and experimental phase diagram determinations are of importance. However, 
the available experimental data are still scarce. Thus, the discovery of new and better 
glass formers has prompted a search for a comprehensive underlying rule for predicting 
the GFA based on thermodynamic, kinetic, and structural properties of alloys. 
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2.3. Mechanical Properties of Bulk Metallic Glasses 
Due to the absence of a dislocation mechanism for the plastic deformation and 
crack propagation, metallic glasses are high-strength materials. However, the high critical 
cooling rates required for the preparation of conventional metallic glasses have limited 
the size of specimens for the mechanical testing and for use in engineering applications. 
In particular, specimens large enough for investigation of the dynamic constitutive 
behavior of these materials were not available. With the discovery of many new BMGs, 
the critical cooling rates have been dramatically lowered to permit casting BMGs in bulk 
(i.e., with minimum dimension > 1 cm) and the limitation of dimension has been 
overcome. With the advent of these BMGs, there has been a revival of early interest in 
mechanical properties and a number of investigations on mechanical properties of BMGs 
have been performed. BMGs exhibited a very high yield strength and very high elastic 
limit. The superior mechanical properties of BMGs are the most promising for 
applications. In addition to the importance of the basic science, it is significant to clarify 
the mechanical properties of BMGs for applications as engineering materials.  
 
2.3.1. Monotonic Characteristic 
Under ambient conditions, BMGs usually show the incredible yield strengths 
and elastic limits. As the first commercial bulk metallic glass, VITRELOY 1 has been 
studied widely. The processing, physical, and mechanical properties of this alloy are well 
documented in the literature [3]. In dynamic compression experiments on VITRELOY 1, 
an elastic strain limit of approximate 2% and a yield stress of 1.9 GPa were measured 
[80]. VITRELOY 1 also exhibited the Young’s modulus (E) as low as 96 GPa [81]. 
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Relevant physical and mechanical properties of VITRELOY 1 are given in Table 2 [3]. In 
general, Zr-based BMGs have a yield strength between 1,500 to 2,000 MPa and a 
Young’s modulus of 80 to 100 GPa [82-86]. New Cu- [87] and Ni-based [88] BMGs with 
high fracture strength exceeding 2,500 MPa were fabricated successfully in Inoue group. 
In addition, the super-high strength (over 3.0 GPa) was found in Fe- and Co-based 
BMGs. A Fe-based BMG was synthesized for the first time in a Fe-(Al,Ga)-metalloid 
system in 1995 [89]. Subsequently, a variety of Fe- and Co-based bulk glassy alloy 
systems have been synthesized [90-93]. However, the research has been focused on 
magnetic properties because of the potential applications as magnetic materials. Since the 
mechanical properties of Fe- and Co-based bulk metallic glasses are also very important 
for their applications as structural materials, their mechanical properties were also 
investigated and the Co-Fe-Ta-B BMGs exhibited ultrahigh strength, above 5.0 GPa, and 
a very high Young's modulus of 268 GPa [94]. For the Fe-based BMG alloy systems, it 
was also found that (Fe0.75B0.15Si0.1)96Nb4 and Fe77Ga3P9.5C4B4Si2.5 BMGs exhibited high 
strengths of over 3.0 GPa with Young’s moduli of approximate 180 GPa [95]. Recently, a 
new class of Fe-based BMGs as a non-ferromagnetic steel alloy was discovered, which 
were found to exhibit fracture strengths of 3.0-4.0 GPa [96]. Inoue et al. also found that 
[(Fe0.8Co0.1Ni0.1)0.75B0.2Si0.05]96Nb4 glassy alloy exhibited a super-high compression 
strength of 4,225 MPa and a Young’s modulus as high as 208 GPa [97]. The typical 
compressive stress–strain curve of the Fe-based BMG rod was shown in Figure 8 [95], 
which exhibited a higher yield strength and a larger elastic deformation up to about 1.8%, 
followed by a small compressive plastic strain of about 0.4% and then final fracture.  
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It seems that BMGs with higher moduli shows higher strengths. Some analysis 
based on the limited mechanical data of metallic glasses show a clear tendency for the 
fracture strength to increase with increasing E [1, 55, 95]. Figure 9 presented the 
relationship between the fracture tensile strength (σf) or Vickers Hardness (Hv) and E for 
bulk amorphous Mg-Cu-Y, La-Al-Ni, La-Al-Co-Ni-Cu, Zr-Ti-Al-Ni-Cu, Pd-Cu-Ni-P, 
and Ti-Zr-Ni-Cu-Sn alloys together with the data of conventional crystalline alloys [1]. 
The BMGs have σf of 840-2,100 MPa combined with E of 47-102 GPa, which depend on 
alloy compositions. It is apparent that the BMGs exhibit higher σf, higher Hv, and lower 
E than those of crystalline alloys, and the feature of the mechanical properties for BMGs 
is significantly different from that for the crystalline alloys.  
Theoretically, the Young’s modulus (E) correlates with the fracture tensile 
strength (σf) of a material as [98]: 
σf = 
d
Eγ      (5) 
where γ is the surface energy per unit area, and d is the spacing of parallel atomic planes. 
For normal solids, σf is estimated to be about E/5-E/10 [98]. However, the practical σf for 
crystalline metallic materials are much lower than the theoretical values. Yet there is a 
rough correlation between E and σf, E/σf = 500-10,000. The correlation provides 
evidences for the existence of defects, such as dislocations in crystalline alloys, and 
assists in understanding the relation between microstructure and mechanical properties. 
The discovery of various BMGs has permitted better characterization of their mechanical 
and elastic properties. Thus, significant data is available, including the mechanical 
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properties, glass-transition temperatures, and elastic constants for various metallic 
glasses. Since elastic moduli are generally important fundamental parameters for the 
general understanding of the structural characteristics, mechanical properties, and glass 
transition in metallic glasses [26, 99]. It would be intriguing to see if there existed a 
relationship between mechanical behaviors and elastic properties, especially between Tg 
and E in glassy alloys.  
Wang [86] collected a great deal of data on elastic moduli, mechanical 
properties, and glass-transition temperatures of various BMGs and established links 
between mechanical behaviors, glass-transition temperatures, and elastic moduli that are 
available so far. He found that even though the original data were obtained from different 
groups with various testing conditions, Figure 10 shows clear good correlations between 
σf and E (E/σf = 50) and Hv and E (E/Hv = 20) for these metallic glasses. Figure 11 also 
exhibits the linear relationship between Hv with σf  (Hv/σf = 2.5) for these metallic 
glasses. Although some composition-dependent spread in these correlation could exist, 
the spread is so small and certainly much less than for that of the crystalline materials. 
For these metallic glasses, E/σf = 50, which is approximately 10-200 times larger than 
those of their crystalline counterparts that have a similar linear relationship. And this 
value is close to the theoretical strength (about E/5–E/10) [98]. This trend indicates that 
the fundamental mechanical properties of the metallic glasses are significantly different 
from those of crystalline alloys. The results suggest that the high strength is intrinsic in 
glasses and closely related to their elastic properties. Based on all above correlations, it 
might conclude that (1) the metallic glasses followed a similar fracture mechanism even 
though they show different mechanical properties, and (2) the significant difference of 
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the mechanical properties between the BMGs and the crystalline alloys could be a 
reflection of the discrepancy in the deformation and fracture mechanisms between BMGs 
and crystalline alloys. Figure 12 shows that an empirical correlation could exist between 
E and Tg (Tg ∝ 2.5E) in the metallic glasses. Note that the similar correlation has also 
been reported in silica and other glasses [100-101]. Therefore, the fracture strength (σf) 
can also be expressed in terms of Tg since E/σf = 50. The higher the value of Tg is, the 
higher the fracture strength of a metallic glass is. It is known that the Tg is dominated by 
the bonding force among the constituents, Consequently, the high mechanical strength of 
the metallic glass is due to the stronger bonding force among the constituent elements 
[86]. In general, there is a clear tendency for σf to increase with increasing Tg. 
Many factors, such as the loading mode, temperature, strain rate, and aspect 
ratio, could affect the monotonic fracture behavior of metallic glasses whose plastic 
deformation mainly localized in narrow shear bands, followed by the rapid propagation 
of those shear bands and sudden fracture. According to some research, the mechanical 
behavior of BMGs in tension and compression at room temperature could be different 
[102]. Under the tensile condition, the localization of the plastic flow into shear bands 
limits dramatically the overall plasticity so that metallic glass specimens usually fail 
catastrophically on one dominant shear band without observable ductility. During 
compression testing, specimens fail in an elastic, perfectly plastic manner by the 
generation of multiple shear bands. In the plastic region, a serrated flow is generally 
observed. This flow behavior is very different from that of normal crystalline materials in 
the sense that there is a sudden load drop associated with the movement of a shear band.  
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Figure 13 shows the stress-strain curves of the Zr52.5Cu17.9Al10Ni14.6Ti5 BMG specimens 
at different strain rates under compressive and tensile loading [103]. For better visibility, 
the curves are shifted along the strain axis. Under compressive loading, the specimens 
(C1 and C2) display obvious plasticity before failure. The compressive fracture stress is 
1.76 GPa. However, under tensile loading, the specimens (T1 and T2) exhibit only elastic 
deformation behavior and subsequent catastrophic fracture without obvious plastic 
deformation. The fracture strength (1.66 GPa) under tension is slightly lower than under 
compression. In general, it was found that the compression fracture strength of metallic 
glasses is often slightly higher than the tensile fracture strength. However, for fully 
amorphous alloys, the difference of the fracture strength between compression and 
tension seems to be negligible [103]. It is widely noted that under compressive loading, 
metallic glasses often fracture along the localized shear bands and the fracture angle 
between the compressive axis and the shear plane is smaller than 45° (about 42°). Under 
tensile loading, however, the tensile fracture angle between the tensile axis and the shear 
plane is in general larger than 45°. In most cases, the tensile fracture angle is in the range 
of 51-60° with an average value of 56° [85, 103, 104]. This trend indicates that there is 
no definite shear plane as in crystalline materials for the formation of shear bands in 
metallic glasses. Also, the deformation and fracture of metallic glasses do not occur along 
the maximum shear stress plane no matter whether the glasses are under tensile or 
compressive loading. It seems that the yield behavior of BMGs follows a Mohr–Coulomb 
criterion rather than the von Mises criterion [32, 85, 103-104].  
The effect of temperature on the deformation behavior of BMGs from cryogenic 
temperatures to the supercooled liquid region has also been studied [3, 23, 105-106]. The 
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influence of temperature on failure modes is one of the key features of deformation of 
materials and their characterization, i.e., brittle to ductile transition. Lu, Ravichandran, 
and Johnson [3] systematically explore the thermo-mechanical behavior of the 
VITRELOY 1 BMGs under uniaxial compression subject to a wide range of 
temperatures. Compression loading was employed because tensile loading typically 
induces necking at relatively small strains while compression can result in uniform 
deformation up to large strains in conducting the experiments [3]. A typical example of 
the stress strain curves is presented in Figure 14 for a strain rate of 1.0 × 10-1/s at various 
temperatures. VITRELOY 1 exhibited a high fracture stress of 1,860 MPa at room 
temperature and failed due to a single shear band and subsequent shear fracture [3]. As 
the temperature was increased to 373 K, the maximum stress decreased slightly. This 
general trend of the decrease in the maximum stress continued when the temperature 
increased from 643 to 663 K, where the deformation mode switched from being 
inhomogeneous (shear failure) to being homogeneous. In the temperature range of 663-
683 K, deformation remained homogeneous up to the strain value. The maximum strain 
value of each curve in presenting homogeneous deformation data (Figure 14) was merely 
chosen for convenience in each experiment since there were no indications of any 
possible impending catastrophic failure. The stress versus strain curves in the 
homogeneous deformation region featured an increase of the initial slope as the 
temperature decreased, which indicates that the initial Young’s modulus decreases with 
temperature, similar to the effect of temperature on crystalline metallic alloys. The stress 
overshoot, the difference between the peak stress and flow stress, was present at a 
temperature of 663 K [3]. The stress overshoot could result from the free-volume-induced 
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structural relaxation. At 683 K, the stress increased monotonically as the strain increased 
until it reached a steady state value and subsequently leveled off as the strain increased 
further. The temperature sensitivity is much larger compared with traditional crystalline 
metallic alloys since the steady state stress decreased by over 50% as the temperature 
increased by 20 K over 663 K [3].  
The mechanical properties of BMGs are investigated in detail not only at room 
temperature or above but also at cryogenic temperatures [23, 106]. The compressive 
behavior of a Zr57.4Cu17.9Ni13.4Al10.3Nb1 amorphous alloy was studied at 77 K [23]. This 
alloy exhibits typical BMG features of high strength and low global plasticity. A 
comparison of the mechanical property between room temperature and 77 K 
demonstrates that both the strength and plasticity increase at 77 K at the same strain rate 
of 2 × 10–4 /s. The temperature dependence of the strength for various Ni-, Cu-, Zr-, and 
Mg-based metallic glasses is summarized in Figure 15 [23]. To avoid the effect of the 
strain rate, all data shown in Figure 15 have been obtained at a similar strain-rate level of 
approximate 2 × 10–4 /s. Basically, two distinct regimes could be found: 0-0.9 Tg and 0.9-
1.1 Tg. Note that the alloys are no longer amorphous when the temperature is much 
greater than Tg. Although different BMGs exhibited different fracture strength (σf), 
Young’s modulus (E), and glass-transition temperature (Tg), it is intriguing that the 
normalized strength (σf/E) shows a linear relationship with the normalized temperature 
(T/Tg). However, the slope is seen to change abruptly at the boundary between the two 
temperature regimes, which probably relates to the transition in the deformation 
mechanism from an inhomogeneous to a homogeneous mode. Within each regime, the 
strength can be expressed as [23]:  
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Tb      (6) 
where T is the testing temperature, and a and b are constants. Therefore, for BMGs, the 
strength increases with decreasing temperature. Recently, the increasing interest has been 
paid in investigating the dependence of the strength on the temperature based on a shear-
transformation zone (STZ) concept [23]. 
Although many BMGs do not exhibit a strain-rate sensitivity near room 
temperature, the strength changes with the strain rate at cryogenic temperatures and at 
temperatures close to Tg [3, 23, 32, 102]. Figure 16 illustrates an example of the stress-
strain curves obtained at temperature of 643 K for strain rate in the range of 1.0 × 10-4 /s 
to 1.0 × 10-3 /s [3]. It was found that shear localized failure characterized the deformation 
mode at higher strain rates ranging from 1.0 × 10-1 /s to 1.0 × 10-3 /s. The stress-strain 
curves at higher strain rates have a linear slope until failure without inelastic post-
yielding. After reaching the maximum stress, the stress dropped to zero immediately, 
which is typical of “brittle” failure. The general tendency is that the maximum stress 
decreased slightly with increasing strain rates [3]. It is clear that the increase in the strain 
rate led to a transition from a homogeneous flow to inhomogeneous deformation. 
Therefore, the effect on the stress-strain curves due to a decrease in the strain rate at a 
temperature of 643 K is similar to that due to an increase in temperatures, as depicted in 
Figure 14 [3]. Li et al. found that the strength increases upon increasing the strain rate at 
77 K, which is quite different from the absence of a strong strength dependence on the 
strain rate at room temperature [23]. The compression tests were performed on the 
Zr52.5Cu17.9Ni14.6Al10.0Ti5.0 at various strain rates of 4.1 × 10-4, 3.9 × 10-3, and 3.7 × 10-2 /s 
 23
at room temperature [51], Although the fracture strength is similar at different strain 
rates, the obvious serrations can be observed for the deformation at various strain rates, 
and the serrations tend to decrease with increasing the strain rate. Therefore, dynamic 
shear-banding operations during compression of a bulk metallic glass at various strain 
rates demonstrate that the shear-banding events are highly dependent on the strain rates, 
either intermittent at the lower strain rates or successive at the higher strain rates [51].  
Besides the interior structural modifications on the BMGs, exterior constraints 
are also expected to be a potential approach for multiplying the shear bands and 
preventing the BMGs from the premature fracture [107]. Using a confining sleeve 
technique, Lu and Ravichandran [108] found a large plastic deformation of more than 
10% of a Zr-based BMG in compression, which results from numerous shear-banding 
operations. This result indicates that the mechanical constraint can hinder the excessive 
propagation of individual shear bands effectively. It means that the specimen's geometry 
may affect the demonstration of the ductility of the BMGs. Johnson [26] noted that a high 
ductility can be observed on the specimens with the small length (l) to diameter (d) ratio 
(l/d). Jiang et al. [107] systematically investigated the ductility of Zr52.5Cu17.9Ni14.6Al10.0-
Ti5.0 BMG with various specimen geometries (the l/d ratios range from 0.5 to 2). Their 
results show that the specimen geometries significantly affect the demonstration of the 
ductility of the Zr52.5Cu17.9Ni14.6Al10Ti5 BMG. The specimens with the l/d ratios larger 
than 0.75 exhibit a poor ductility, while those with the l/d ratios equal to and smaller than 
0.75 show an excellent ductility. The maximum elongation before the failure is up to 
about 80%. This difference in the ductility is a result of the geometrical constraints [107].  
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Upon yielding, metallic glasses often show plastic flow in absence of work-
hardening and a tendency towards work-softening leads to shear localization. Thus, 
BMGs generally fail by the formation of highly localized shear bands, which leads to 
catastrophic failure under unconstrained conditions without much macroscopic plasticity. 
This adverse property was recently mitigated by the development of composites 
containing ductile crystals in a BMG matrix [24, 29, 52-54, 109-111]. The in-situ 
nanosized to microsized crystalline reinforced BMG composites exhibit both improved 
strength and plasticity (more than 12%), which significantly increases their commercial 
viability [24]. A new class of ductile β-phase reinforced bulk metallic glass composites 
were made by an easily feasible in-situ processing method from a homogeneous 
Zr56.2Ti13.8Nb5.0Cu6.9Ni5.6Be12.5 melt [54]. Upon cooling, the homogenous melt chemically 
partitions into approximately 25 volume percent (vol. %) of a dendritic body-centered 
cubic (bcc) phase (Zr71Ti16.3Nb10Cu1.8Ni0.9), which is embedded into the remaining fully 
amorphous matrix phase (Zr47Ti12.9Nb2.8Cu11Ni9.6Be16.7), according to electron probe 
chemical analyses. Figure 17 shows the typical backscattering SEM images of a polished 
and chemically etched cross section of the BMG composite materials C (laboratory 
material) and H (commercial material) [54]. The dendritic structure is characterized by 
primary dendrite axes with lengths of 50-150 µm and a radius of 1.5-2 µm. Regular 
patterns of secondary dendrite arms with spacings of 6-7 µm are observed. The dendritic 
structure in alloy H is finer than that in alloy C, which was probably caused by 
processing with a slightly higher cooling rate [54]. During cooling from the high-
temperature melt, the alloy undergoes partial crystallization by nucleation and subsequent 
dendritic growth of the β phase in the remaining liquid. The remaining liquid, after 
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cooling below its glass transition temperature, freezes to the amorphous or glassy state, 
producing a two-phase microstructure containing β phase dendrites in a BMG matrix. 
Depending on the cooling rate, coarser or finer dendritic structures can be obtained. Both 
phases are in chemical equilibrium and show atomically sharp, intimate, and apparently 
strong interfaces [54]. The matrix phase has a very similar composition to VITRELOY 1 
and exhibit typical mechanical properties for a monolithic BMG. While the reinforcing β 
phase shows a soft and ductile mechanical behavior with pronounced work hardening and 
a serrated flow behavior. A composite with excellent mechanical properties yields by 
combining both phases [54]. Compared to VITRELOY 1, impact toughness values 
improved by a factor of 2.5 and average tensile strains to failure by a factor of 2.7. The 
yield point and work hardening behavior of the composites can be tailored by the 
processing conditions. An ultimate tensile strength up to 1,500 MPa was reached. The 
enhanced plasticity and toughening of the composites can be explained in terms of the 
deformation mechanism, which is dominated by the β-phase dendrites [54]. 
 
2.3.2. Fatigue Behavior 
2.3.2.1. Concepts Related to Fatigue 
Structural components of machines, vehicles, and planes are frequently 
subjected to repeated loading (cyclic loading). The resulting cyclic stresses, which are 
even far below the ultimate tensile strength of materials, can result in a microscopic 
physical damage to the materials. Then, the microscopic damage can accumulate with 
continued cyclic loading until it develops into a crack that could lead to the failure of the 
material. This process of damage and failure due to cyclic loading is called fatigue [112]. 
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Fatigue is a dynamic phenomenon that initiates microcracks in the material and causes 
them to grow into large macrocracks. These cracks can lead to the catastrophic failure of 
the material. 
Fatigue accounts for approximately 90 percent of all service failures due to 
mechanical causes. In general, the fatigue life involves the number of loading cycles to 
initiate and propagate a crack to a critical size. Therefore, it can be said that the fatigue 
failure occurs in three stages: crack initiation, stable crack growth, and fast fracture. The 
main factors that contribute to fatigue failures could include [113]:  
a) Number of load cycles;  
b) Stress range; 
c) Mean stress; and 
d) Local stress concentrations.  
Fatigue is a progressive, localized, and permanent structural-damage process 
that occurs when a material is subjected to cyclic or fluctuating stresses that have 
maximum values less than (often much less than) the ultimate tensile strength of the 
material. If plastic deformations are small and localized in the vicinity of the crack tip, 
the main part of the component is deformed elastically, which is called the high-cycle 
fatigue (HCF) [114]. Historically, most attention has focused on situations that require 
more than 104 cycles to failure where stresses are low, and the deformation is primarily 
elastic. If the cyclic loading is accompanied by elasto-plastic deformations in the bulk of 
the component, which is called the low-cycle fatigue (LCF) [114], where the stress is 
high enough for the plastic deformation to occur, the account in terms of the stress is less 
useful, and the strain in the material offers a simpler description. 
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Stress (σ) is usually defined as the force per unit area. A nominal stress (S) is 
calculated from the load or moment or their combination as a matter of convenience and 
is only equal to σ in certain situations [112]. Stresses can be applied in three ways: 
torsion, axial, and bending. 
The elastic stress-concentration factor, Kt, is the ratio between the peak stress at 
the root of the notch and the nominal stress, which would be present if a stress 
concentration did not occur [112]. 
Kt = 
S
σ       (7) 
The stress range, ∆σ, is the difference between the maximum (σmax) and the 
minimum (σmin) values. The mean stress, σm, is the average of the maximum and 
minimum values. The stress amplitude, σa, is half the stress range. The stress (load) ratio, 
R, is the ratio of the minimum stress and the maximum stress, as demonstrated in Figure 
18. 
∆σ = σmax - σmin     (8) 
σm = 2
minmax σσ +      (9) 
σa = 
2






     (11) 
The stress amplitude, stress range, or maximum stress is commonly plotted 
versus the number of cycles to failure, N. This curve is called a stress-life curve, also 
called a S-N curve [113]. In order to represent conveniently both long and short 
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endurances on the one diagram, a logarithmic scale is commonly used for N. A linear 
stress scale is most frequently used, although logarithmic scales are sometimes used for 
both parameters. A common convention is to represent specimens unbroken at the 
completion of a test by an arrow extending beyond the test point. A fatigue limit is the 
value, which may be statistically determined, of the stress below which a material may 
endure an infinite number of stress cycles without failures. A fatigue limit is often 
arbitrarily defined at a specific long life, say 107 cycles. The fatigue strength is used to 
specify a stress value from a S-N curve at a particular life of interest. 
 
2.3.2.2.  Stress-life behavior 
Before 1990s, metallic-glass samples were too small to characterize their fatigue 
behavior. Comparing to the research on monotonic fracture behavior, very little literature 
is available on the fatigue characteristic of BMGs. The large size of samples motivates 
researchers to study all kinds of physical and chemical properties of BMGs. Since the 
fatigue property is an important characteristic for these engineering applications, more 
interest in the fatigue behavior of BMGs has recently emerged.  
BMGs usually exhibit higher yield strengths and elastic limits. For example, 
VITRELOY 1 has an elastic strain limit of approximate 2% and a yield stress of 1.9 GPa 
[80]. In general, catastrophic failure occurred in BMGs under unconstrained conditions 
without much macroscopic plasticity. Since there is a lack of macroscopic plastic 
deformation in metallic glasses, Davis supposed that it is possible for a perfect 
amorphous alloy, without constraint, to exhibit a fatigue endurance limit that approaches 
the ultimate tensile strength [37, 115]. However, this early idealistic hypothesis has not 
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been proved. On the contrary, due to the difficulty in fabricating a “perfect” amorphous 
alloy, the first HCF study conducted by Gilbert et al. on the Vit 1 BMG showed that the 
fatigue endurance limit, based on the stress range, for this BMG is only 6-10% percent of 
the ultimate tensile strength [34]. Regardless of the above ideal theory, even compared to 
conventional crystalline alloys, such as high-strength steels, copper, and aluminum 
alloys, whose fatigue-endurance limits are typically 30-40% of the ultimate tensile 
strengths, the fatigue-endurance limit of this BMG is too low. Obviously, some factors 
play a key role in the study of the fatigue behavior of BMGs. It is important to review the 
literature regarding the fatigue testing of BMGs first. 
Gilbert et al. [34, 35] performed four-point bending fatigue experiments over a 
range of cyclic stresses by cycling VITRELOY 1 rectangular beams of 3 × 3 × 50 mm, 
with an inner span, S1, and outer span, S2, of 10.2 mm and 20.3 mm, respectively. After 
specimens were polished to an ~1 µm surface finish, they were cycled under load control 
at a frequency of 25 Hz (sinusoidal waveform) in a room air environment (25 °C and ~ 
45% relative humidity) on a servohydraulic mechanical test frame. The R ratio was kept 
at 0.1 for all tests. Stresses were calculated at the tensile surface within the inner span 
using the following equation: 
σ = 2 12bh2
)SS(P3 −     (12) 
where P is the applied load, b the specimen thickness, and h the specimen height. A total 
of 21 beams were tested at maximum stresses ranging from 100 MPa to 1,800 MPa (just 
below the tensile stress). If possible, multiple measurements were made at each stress. 
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Tests were terminated in cases where failure had not occurred after 2 × 107 cycles (~ 9 
days at 25 Hz).  
The normalized stress amplitude, the stress amplitude (σa) over the tensile 
strength (~ 1.9 GPa) is plotted as a function of cycles to failure for the VITRELOY 1 
alloy in Figure 19 [34, 35]. Results are compared with those for 300-M high-strength 
steel and the 2090-T81 aluminum-lithium alloys. It is clear that despite the similarity in 
crack-growth properties of bulk amorphous metals and polycrystalline metals, the S-N 
properties are very different [34, 35]. Fatigue lifetimes are significantly shorter in the 
metallic glass. Moreover, whereas steel and aluminum alloys generally display a fatigue 
limit or 107-cycle endurance strength at values of the normalized stress amplitude (the 
stress amplitude/tensile strength) between 0.3 and 0.5, no such fatigue limit can be 
detected in the metallic glass until the normalized stress drops below ~ 0.04. These 
results are consistent with previous studies on rapidly-quenched thin ribbons of metallic 
glasses, which also indicate a low dependence of fatigue life on the applied stress 
amplitude [34, 35]. Careful optical examinations of fatigue fracture surfaces indicate that 
cracking originates from a corner of the beam at the tensile face of the specimen, with the 
extent of the stable fatigue-crack propagation increasing with lifetime. At long lives, 
where N > l06 cycles, the fatigue fracture surface contains large regions, which display a 
mirror-like appearance with no detectable evidence of topographical features [35]. 
Detailed SEM analyses of the fracture surfaces indicates a very distinct transition from a 
stable fatigue-crack propagation to overload fracture. Striation-type growth in the fatigue 
region was followed by an abrupt change to the vein morphology characteristic of 
overload fracture in metallic glasses. Slip steps are visible at the edge of the specimen 
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and at the intersection of the two bands, which suggested that slip bands preceded 
cracking during the HCF experiments [34, 35]. Their results implied that mechanistically 
the fatigue properties of crystalline and amorphous metals differ significantly with 
respect to crack initiation, or more precisely in the nucleation of crack growth. This may 
be associated with the easier natural initiation of a fatigue crack in BMGs, e.g., via “slip-
band” formation, although nothing is known about the initiation mechanisms in these 
materials [34, 35]. However, since the fatigue limit can be equated with the critical stress 
for crack initiation or more generally for an initiated (small) crack to “overcome” some 
microstructural barrier, it could assume that the markedly lower fatigue limits in the 
amorphous alloys may be associated with a lack of microstructures, which would 
normally provide local arrest points to newly initiated or preexisting cracks [34, 35]. 
Menzel and Dauskardt [40] also did similar four-point bending tests on a 
Zr41.25Ti13.75Ni10Cu12.5Be22.5 fully amorphous alloy. They found slightly higher endurance 
limits than the value that Gilbert et al. [34, 35] reported. However, it was still less than 
10% of the ultimate tensile strength and in sharp contrast to typical high-strength 
polycrystalline metals, which typically exhibit much higher endurance limits. They 
thought that the lack of a significant damage-initiation stage was shown to account for the 
low endurance limit. In metallic glasses, the absence of microstructural barriers means 
that once initiated, shear bands or small cracks grow unimpeded [40]. 
Peter et al. conducted fatigue experiments on a Zr-based BMG (BMG-11) in air 
[36, 37]. Radial-notched round bar specimens were tested under uniaxial tension loading 
with a R ratio, equal to 0.1, and a frequency of 10 Hz. They were ground to a 9 µm finish 
within 1-2 h of initiating the fatigue tests. Figure 20 shows the button-head geometry that 
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was used for the fatigue specimens and the gripping system. The gripping system and the 
specimen geometry are modified versions of that used for testing ceramics and other 
brittle materials [36, 37]. Peak and valley load values for individual cycles were 
intermittently recorded for verification. A stress-concentration factor, 1.55, is associated 
with the notch. However, the fatigue results were drastically different from those 
observed by Ritchie et al [34-37]. The fatigue-endurance limit (σe), based on the stress 
range, for the BMG-11 samples tested in air was approximately 907 MPa [36, 37], as 
shown in Figure 21. The fatigue ratio (σe divided by the ultimate tensile strength) for the 
BMG-11 was 0.53, based on the ultimate tensile strength of 1,700 MPa. The average 
relative humidity for the tests performed in air was 45%, and ranged from 40 to 55%.  
For BMG-11, the fatigue ratio of 0.53 was much higher than the values of less than 0.10 
Ritchie et al. and Menzel and Dauskardt’s reported [34-37, 40]. When comparing BMG-
11 with high-strength alloys and crystalline zirconium (Figure 21), the fatigue endurance 
limit of BMG-11 is comparable or higher than the other crystalline materials [36, 37]. 
Also, the fatigue ratio for BMG-11, 0.53, is a relatively high value. Most alloy steels have 
a fatigue ratio between 0.35 and 0.60 [36, 37].  BMG-11 is at the higher end of this range.  
The author performed experiments on Zr50Cu40Al10, Zr50Cu30Al10Ni10, and 
LM001 (Zr41.2Cu12.5Ni10Ti13.8Be22.5) BMGs with the same testing conditions as Peter et 
al.’s studies [116-118]. It was found that the fatigue-endurance limits (σe), based on the 
applied stress range, for the Zr50Cu40Al10 and Zr50Cu30Al10Ni10 samples tested in air were 
approximately 752 MPa and 865 MPa, respectively. The fatigue ratios for Zr50Cu40Al10 
and Zr50Cu30Al10Ni10 were 0.41 and 0.46, based on the ultimate tensile strength of 1,821 
and 1,900 MPa, respectively, as shown in Figure 22 [116, 117]. Two fabrication batches 
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of the LM001 BMG were employed for fatigue tests. Batch 59 contained less oxygen 
than batch 94. The fatigue lives of the Batch 59 are generally longer than those of the 
Batch 94. σe, based on the applied stress ranges, for the Batches 59 and 94 samples tested 
in air were approximately 703 MPa and 615 MPa, respectively. The fatigue ratios for 
Batches 59 and 94 were 0.38, and 0.33, respectively, as shown in Figure 23 [118]. These 
results obtained by Peter et al. and the author shows that the fatigue-endurance limits 
ranged from 615 to 907 MPa and fatigue ratios were between 0.33 and 0.53 based on 
tension-tension fatigue tests of notched samples.  
Yokoyama et al. [119] also examined the fatigue behavior of ternary 
Zr50Cu40Al10 and quaternary Zr50Cu30Ni10Al10 BMGs. In his study, the cast-rod sample 
(φ8mm × 60 mm), as shown in Figure 24(a), was prepared with a special arc tilt cast 
method to eliminate crystalline inclusions in BMGs. The sandglass-shaped fatigue 
specimens, as seen in Figure 24(b), were produced from the rod-shaped cast samples 
using a diamond-gliding machine to avoid surface deterioration. The dimensions of the 
fatigue specimen were presented in Figure 24(c) [119]. The rotating-beam fatigue testing 
machines were employed to investigate the S-N curves of Zr50Cu30Al10 and 
Zr50Cu30Ni10Al10 BMGs. The rotating-beam fatigue test is characterized by four-point 
bending, which can provide a constant bending momentum dimension between two 
bending points, as shown in Figure 25(a). Figure 25 (b) schematically illustrates the 
rotating-beam fatigue test machine [119]. The applied frequency in the study is 50 Hz. 
The surface temperature of samples was measured during the fatigue test by a radiation 
thermometer with a narrow detection area of about 3 mm in diameter. As a result, no 
distinct increase of temperature was detected during fatigue tests. Therefore, the 
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temperature of the sample during the fatigue test is considered to be as low as room 
temperature in this study. S-N curves of Zr50Cu40Al10 and Zr50Cu30Ni10Al10 BMGs, as 
shown in Figure 26, reveal the obvious difference in their fatigue limits. The addition of 
10 at. % Ni instead of Cu in Zr50Cu40Al10 BMG increases the fatigue limit from 250 to 
500 MPa [119]. They found that the fatigue-crack-propagation rate of Zr50Cu40Al10 BMG 
is faster than that of the Zr50Cu30Ni10Al10 BMG. They suggested that the addition of Ni 
enhances the surface-oxidization film formation and formation of oxidization film on the 
fatigue-fractured surface is strongly affected on the fatigue-crack-propagation rate. 
Therefore, Zr50Cu30Ni10Al10 exhibited better fatigue behavior than Zr50Cu40Al10 did 
[119]. 
In addition, Yokoyama et al. [42] fabricated quaternary Zr50Cu40-XAl10PdX (X: 
0-7 at. %) and quaternary Zr97-X-YCuXAlYPd3 (X = 27-42 at. %, Y = 7.5-12.5 at. %) glassy 
alloys using the same technology as that made Zr50Cu40Al10 and Zr50Cu30Ni10Al10 
samples. They performed the same rotating-beam fatigue experiments on the same 
sample geometry (Figure 24). Figure 27 shows the S-N curves of Zr50Cu40-XAl10PdX (X: 
0-7 at. %) glassy alloys. Pd = 0 at. % BMG shows the lowest fatigue limit about 250 
MPa. The fatigue limit increases with the Pd content and shows the maximum value at Pd 
= 3 at. % as 1,050 MPa, and then the fatigue limit decreases with the Pd content [42]. 
They found that the trend of the fatigue limit vs. the Pd content is similar to that of the 
volume change from as cast state to fully relaxed state vs. Pd content. Accordingly, the 
relationship between the fatigue limit and the volume change of Zr50Cu40-XAl10PdX (X: 0-
7 at. %) and Zr97-X-YCuXAlYPd3 (X: 27-42 at. %, Y: 7.5-12.5 at. %) glassy alloys was 
presented in Figure 28 [42]. Obviously, the volume change and fatigue limit shows a 
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linear relationship. This fact suggested that the glass structural control with increasing the 
free volume, which can be roughly estimated by the volume change, is important to 
obtain the ductile structural glassy alloys with high fatigue limits [42]. 
The fatigue results of BMGs due to the different chemical composition, 
processes, testing mode, and sample geometry exhibited a wide range of fatigue-
endurance limits. Several conditions could have made the difference among these results. 
What are the critical factors in these conditions will be addressed in this thesis.  
 
2.3.2.3. High-Cycle-Fatigue Morphology 
Gilbert et al. [35] conducted detailed SEM analyses of the fracture surfaces after 
HCF testing and described the morphology of fatigue samples. They indicated a very 
distinct transition from a stable fatigue-crack propagation to overload fracture. Figure 29 
shows the striation-type growth in the fatigue region on the left-hand side, followed by an 
abrupt change to the vein morphology characteristic of an overload fracture in metallic 
glasses [35]. The striations in the fatigue region are analogous with individual cycles and 
are caused by the crack going through a sharpening and then blunting process. Unlike the 
fatigue area, the overload fracture surface was very rough and at higher magnification, 
this area had a “vein” morphology very similar to fracture surfaces of samples tested in 
tensile loading [35].  
Yokoyama et al. found that the fractured surface of the glassy sample after 
fatigue tests shows thumbnail-shape fatigue-fractured regions as shown in Figure 30(a) 
and Figure 30(b) with the observation of SEM [42]. A fatigue crack initiated from the 
surface of the sample with shear slips in Figure 30(c), and the fatigue-crack propagation 
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region shows striation-like marks in Figure 30(d) and the final fracture with vein patterns 
starts from the end of a thumbnail shape. Striations-like marks are usually found to 
consist of shear bands in Figure 30(e) [42].  
When the author studied the fatigue behavior on the round bar samples of 
Zr50Cu40Al10, Zr50Cu30Al10Ni10, and LM001 BMGs, the fractured surfaces after fatigue 
testing were investigated by SEM very carefully [116-118]. It was found that the whole 
fatigue-fracture surface consisted of four main regions [Figure 31(a)]: the fatigue-crack-
initiation, crack-propagation, fast-fracture, and apparent-melting areas [116-118]. The 
fracture surface was basically perpendicular to the loading direction. In general, the crack 
initiated from a single site. However, multiple crack-initiation sites on the notched 
surface were also found sometimes [Figure 31(a)], and the fatigue cracks propagated 
towards the inside of the specimen [116-118]. Fatigue cracks typically initiate from shear 
bands, inclusions, or porosity [116-118]. The propagation region was of a thumbnail 
shape and relatively flat. There were some propagation planes with different angles near 
the crack-initiation sites, which exhibited striation-type fracture [Figure 31(b) and (c)]. 
The final-fast-fracture region was very rough and occupied most of the fracture surface. 
Moreover, the fast-fracture area showed a typical BMG tensile morphology with dimples 
[Figure 31(d)]. There is a distinct boundary between the crack-propagation and fast 
fracture regions, which reveals that the fatigue and final tensile fracture are probably 
controlled by different fracture mechanisms [116-118]. Besides the three regions above, 
another region, the small melting area, was observed. The distinct melting marks, 
droplets, and vein pattern were observed in the melting region at a high magnification by 
SEM [Figure 31(e)] [116-118].  
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The fatigue behavior of crystalline materials has been well studied, and many 
theories can be used to understand their fatigue-damage mechanisms. In crystalline 
materials, slip bands (SBs), twinning, deformation bands (DBs), and grain boundaries 
(GBs) are considered as the preferential sites for the nucleation of fatigue cracks. 
However, since BMGs are amorphous, no slip bands, twinning, and grain boundaries 
exist. Their fatigue crack-initiation and growth mechanisms could be different from the 
crystalline alloys. The basic fatigue-damage mechanism of BMGs is not known at all so 
far. The deformation mechanism of BMGs could be attributed to the presence of shear 
bands and plastic flows. Because the plastic flow is confined to shear bands, narrow 
regions of the material, the presence of a shear band in a metallic glass specimen reduces 
its strength by providing a site for further plastic flows [117]. Therefore, these detailed 
SEM investigation on the fatigue-fractured surfaces could help us understand the crack-
initiation and propagation mechanisms in metallic glasses. 
 
2.3.2.4. Fatigue Crack Growth 
Crack growth can be caused by cyclic loading, which called fatigue-crack 
growth. The rate of fatigue-crack growth is controlled by the stress-intensity factor, K. 
For a given material and set of test conditions, the crack-growth behavior can be 
described by the relationship between the cyclic-crack-growth rate, da/dN, and the stress-
intensity-factor range, ∆K. Test data and a fitted curve for one material are usually shown 
on a log-log plot. In the intermediate region of crack growth, there is often a straight line 





da ∆=      (13) 
where ∆K is the stress-intensity-factor range defined as ∆K = Kmax - Kmin, where Kmin and 
Kmax are the applied minimum and maximum stress intensities, respectively, and C and m 
are experimentally-measured scaling constants depending on the material microstructure 
and environmental conditions. At low growth rates, the curve generally becomes steep 
and appears to approach a vertical asymptote denoted ∆Kth, which is called the fatigue 
threshold. This quantity is interpreted as a lower limiting value of ∆K below which crack 
growth does not ordinarily occur or grow at an extremely slow rate of about 10-10 
m/cycle. At high growth rates, the curve may again become steep. This trend is due to the 
rapid unstable crack growth just prior to the final failure of the test specimen. 
Gilbert et al. performed fatigue-crack-growth-rate tests on a VITRELOY 1 
BMG, and compare the results to high-strength polycrystalline materials, like a 300-M 
ultrahigh strength steel, and 2090-T81 aluminum-lithium alloy [33, 35]. The fatigue-
crack-growth-rate tests were conducted in a controlled room-air environment (22 °C and 
45% relative humidity) on 7-mm thick, 38-mm wide compact-tension, C(T), specimens at 
a frequency of 25 Hz, and  R ratios of 0.1 to 0.5. 
Results in the form of da/dN as a function of ∆K are plotted in Figure 32, and 
results for metallic materials, including high-strength iron, and aluminum alloys, were 
also plotted to compare with BMGs [33, 35]. The value of ∆Kth was determined by 
decreasing the stress-intensity-factor range to a point where crack-growth rates were 
below 10-10 m/cycle. After determining ∆Kth, specimens were cycled under increasing ∆K 
conditions with the same K gradient, up to growth rates of 10-7 m/cycle. Obviously, 
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Figure 32 shows that fatigue-crack-growth rates of BMGs lie between those of the high-
strength steel and aluminum alloys. When a regression fit to a simple Paris-power-law 
equation (Equation 13), it was found that the crack-growth scaling constants are found to 
be m = 2.7-4.9. The exponent, m, of ductile metallic alloys, usually lies between 2 and 4 
over this regime of growth rates in contrast to brittle materials like alumina where m is 
typically 20 or higher. The fatigue-crack-growth threshold for the metallic glass is 1-3 
MPa.m1/2, which is also comparable to many aluminum and steel alloys [33, 35]. Flores 
et al. [38], Hess et al. [39], and Zhang et al. [120] also conducted fatigue-crack-growth-
rate experiments on this kind of BMG. However, they found that the values of m in 
BMGs are typically lower, ~ 1.4-1.7. Gilbert et al. thought that the scatter in the crack-
growth data of BMGs could be attributed to compressive residual stresses in the outer 
layers [33, 35]. The BMGs demonstrated many of the same fatigue-crack-growth 
characteristics as the high-strength iron and aluminum alloys did. Data followed a 
vertical trend with large increases in crack-growth rates accompanied by negligible 
increases in the stress-intensity-factor range in the Paris power-law regions. This trend is 
also the same as most crystalline metals. Cracking, meanwhile, was very unstable in the 
crystallized alloy, and a catastrophic failure occurred immediately after loading. This 
type of results illustrates the brittleness [33, 35]. 
The fatigue life of BMGs is almost completely determined by the stage of 
fatigue-crack growth [39]. Therefore, understanding the mechanisms and behavior of 
fatigue-crack growth of BMGs is very important for improving the fatigue lives of BMGs 
and BMGs matrix composites [39]. The fracture surfaces of BMGs after fatigue-crack-
growth-rate experiments exhibited a morphology quite distinct from those in crystalline 
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metals. The fracture-surface roughness increased markedly with increasing the crack-
growth rate. Fracture surfaces change from a mirror-like surface in the near-threshold 
fatigue-crack-growth region to a rough morphology exhibiting ridge-like features in the 
fast-fracture region [33, 35]. However, a closer examination on the fatigue-fracture 
surfaces, especially in the higher growth-rate region, exhibits a clear feature of classic 
fatigue striations parallel to the crack front, representing the cycle-by-cycle advance of 
the crack, as shown in Figure 33 [33, 35]. 
The mechanism of the striation formation in BMGs is yet unclear. However, in 
ductile crystalline metals, the steady-state fatigue-crack-growth behavior has been 
proposed to be due to the cyclic crack-tip blunting and resharpening characteristics. The 
distance over which blunting causes a deviation in near-tip stress fields is proportional to 
the crack-tip-opening displacement (CTOD), δ. If fatigue-crack-growth rates are 
dependent upon the blunting distance, then, they may be shown to scale with the range of 
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where σ0 is the cyclic flow stress, and E′ = E for the plane-stress condition and E/(1 - ν2) 
for the plane-strain condition, E is Young’s Modulus, and ν is Poisson’s ratio. This model 
for the striation formation was first suggested to apply to BMGs. The range of the crack-
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where β is a scaling constant (0.01-0.1 for the mode-I crack growth), which is a function 
of the degree of the slip reversibility and elastic-plastic properties of the material. The 
CTOD model (Equation 15) was used to successfully predict the fatigue-crack-growth 
behavior with a Paris-law exponent, m = 2.7 when β = 0.01 (Figure 32), though the 
values of m are possibly lower, like 1.4-1.7. One possible explanation for this trend may 
be related to the structural relaxation or damage of the near-tip material. This model 
strongly suggests a mechanism for the crack advance involving repetitive blunting and 
resharpening, i.e., a mechanism similar to that commonly observed in crystalline metals 
[33, 35]. 
The alternating blunting and resharpening with each cycle suggests that a 
striation is formed on a single loading cycle. However, the striation spacing is often 
larger than da/dN (Figure 32). This difference between the striation spacing and growth 
rate reveals that it is necessary for an accumulation of damages prior to the crack 
advance, similar to the growth-band formation in many polymers [39]. The examination 
of crack-growth surfaces reveals that striations do not extend over the width of the 
specimen. In fact, they are broken up in many places along the crack front. Therefore, the 
fact is that the whole crack front does not extend consistently with a single-loading cycle, 
and that the non-uniform extension of the crack front forms during the steady-state 
fatigue-crack growth [39]. This trend could be the reason why the striation spacing is 
larger than da/dN. 
Hess et al. also studied the temperature effects on the fatigue-crack-growth 
behavior of BMGs [121]. They used C(T) fatigue specimens with a width W = 38.1 mm 
and a thickness B = 3.1 mm, made of VITRELOY 1 for measurements of fatigue-crack-
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growth rates, which is in accordance with the ASTM-E647 standard at elevated 
temperatures [121]. The side faces of the specimens were ground down ~ 100 mm to 
remove tempering stresses. In order to facilitate the optical monitoring of the crack 
length, the specimens were mechanically polished to a mirror finish on one side face. 
Specimens were fatigue precracked at room temperature prior to testing. Experiments 
were conducted in a temperature-controlled environmental chamber with a sinusoidal 
loading waveform of 20 Hz and a constant R ratio of 0.1. The crack length, a, was 
continuously monitored, using compliance techniques via back-face strain gages, and 
confirmed with an optical microscope on a high-resolution translation stage [121]. They 
defined crack-closure levels as the point of the initial contact of mating fracture surfaces 
during the unloading cycle, which were monitored throughout testing using a back-face 
strain gage. The resulting effective-stress-intensity range, ∆Keff, actually experienced by 
the crack tip, was defined by [121]: 
∆Keff = Kmax - Kcl     (16) 
where Kcl is the crack-closure stress-intensity factor determined from the initial deviation 
from the linearity of the unloading load versus back-face strain data. The fatigue-crack-
growth threshold, ∆Kth, was operationally defined as the applied ∆K for the da/dN value 
approaching 10-10 m/cycle. 
At temperatures of 100, 140, 180, and 220 °C, fatigue crack-growth rates were 
measured and plotted as a function of the applied ∆K in Figure 34 [121]. A distinct 
middle-growth-rate regime was apparent together with decreased growth rates in the 
near-threshold region. The mid-range growth rates were fitted to a Paris-power-law 
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relationship (Equation 13). C and m are material scaling constants reported in Table 3. 
Values for m were 1.4-1.55. A comparison of the fatigue data revealed that middle-range 
crack-growth rates were not significantly affected by the testing temperature. On the 
other hand, fatigue-threshold values, ∆Kth, were found to increase with the testing 
temperature as shown in Figure 35 and also summarized in Table 3. Values of ∆Kth,eff, 
which represent the fatigue threshold when the stress-intensity range is corrected for 
effects of crack closure, are also shown in Figure 35. ∆Kth,eff exhibited the same increase 
with the temperature as the ∆Kth values, suggesting that crack-closure effects removed 
cannot account for the increase in ∆Kth with the temperature observed [121]. 
 
2.3.3. Fracture Toughness 
From the theory of the fracture mechanics, a quantity called the stress-intensity 
factor, K, can be defined to characterize the severity of the crack situation, as affected by 
the crack size, stress, and geometry. A given material can resist a crack without the brittle 
fracture occurring as long as this K value is below a critical value, Kc, which is a property 
of the material, called the fracture toughness. Values of Kc vary widely for different 
materials and are affected by the temperature, the loading rate, and the thickness of the 
specimen. The basic modes of the crack-surface displacement include three modes: mode 
I, an opening mode; mode II, a sliding mode; and mode III, a tearing mode. Most 
cracking problems of engineering interest involve primarily mode I and are due to tension 
stresses. K can be related to the applied stress and the crack length by an equation of the 
form [112]: 
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aFK πσ=       (17) 
where F is a dimensionless function that depends on the geometry and the loading 
configuration, and usually also on the ratio of the crack length to another geometric 
dimension, such as the member width or half-width. In general, fracture-toughness 
experiments is in accordance with ASTM standard E399 [122]. 
Gilbert et al. performed the fracture-toughness experiments in a controlled 
room-air environment (22 °C and 45% relative humidity) on 7-mm thick and 4-mm thick, 
38-mm wide C(T) specimens of VITRELOY 1, machined from the bulk plates [33, 35]. 
Crack initiation was facilitated using a half-chevron shaped starter notch, prior to 
fracture-toughness testing, and samples were fatigue-precracked for several millimeters 
beyond this notch. Thereafter, crack lengths were continuously monitored using 
unloading elastic-compliance measurements with a strain gauge attached to the back face 
of the specimen, and also checked periodically using a traveling microscope. Optical and 
compliance measurements of crack lengths were always found to be within 2% in these 
experiments. Fracture toughness, KIc, values were determined by monotonically loading 
the fatigue-precracked specimens to failure. Procedures were in general accordance with 
ASTM standard E399. As a reference, in this testing, partially and fully crystalline 
samples with the same composition were also employed. However, fatigue cracking was 
unstable in the partially and fully crystalline structures due to their extreme brittleness. 
Correspondingly, toughness values were obtained using Vickers indentation methods, 
with measurements averaged from at least five indents under an indentation load of 49 N 
[33, 35]. Results of the fracture-toughness testing showed that the fracture-toughness of 
the amorphous alloy was remarkable, 30-68 MPa.m1/2. Nevertheless, the thermal 
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exposure resulting in a partial or full crystallization led to approximately a 50-fold 
reduction in KIc values to 1.21 and 1.04 MPa.m1/2, respectively (Figure 36) [33, 35]. The 
fracture toughness of BMGs is comparable to that of a typical polycrystalline aluminum 
or high-strength steel alloy. However, the fracture toughness after the partial or full 
crystallization is comparable to that of silica glass or very brittle ceramics [33, 35]. In 
fact, both the 7-mm and the 4-mm thick C(T) samples exceeded the plane-strain thickness 
requirement in ASTM E399 [b > 2.5(KIc/σY)2 ~ 2 mm, where b is the thickness, and σY is 
the yield stress of a material] [122]. These fracture-toughness values do not strictly 
conform to ASTM E399. Therefore, the values are referred to as KQ rather than KIc. A 
significant variability was observed in the fracture-toughness data. Sources of this 
variability may be associated with residual stresses at the surface of castings, 
compositional variation (particularly oxygen), crack branching and ligament bridging, 
and sensitivity to the loading rate [33, 35]. The highest measured value was 68 MPa.m1/2 
(measured with a 7-mm-thick sample), and the lowest was 30 MPa.m1/2 (measured with a 
4-mm-thick sample). The thermal exposure, resulting in a partial or full crystallization, 
led to a dramatic reduction in fracture toughness to ~ 1 MPa.m1/2. While the fracture 
toughness of the amorphous microstructure is comparable to that of a typical 
polycrystalline aluminum or steel alloy, the fracture toughness of a partially or fully 
crystallized alloy is comparable to that of a silica glass [33, 35]. 
In general, the micromechanisms controlling the fracture toughness of 
amorphous alloys are poorly understood. The fundamental differences in both the atomic 
structure and observed deformation behavior (e.g., the extreme slip instability in tension, 
near-theoretical strength, and distinctive overload fracture-surface morphologies) make it 
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clear that such mechanisms are quite distinct from the tensile fracture in crystalline 
metals, ceramics, or oxide glasses. However, the vein morphology observed on fracture 
surfaces [Figure 37(a) through (c)] after the fracture-toughness testing has been suggested 
to be a variant of the Taylor instability [35]. This instability is associated with the 
tendency of a fluid meniscus (under a positive pressure gradient) propagating in the 
direction of its convex curvature to break-up into a series of fingers, which penetrate into 
the fluid meniscus. When this process dominates, the critical fracture event is associated 
with the onset of this instability, governed by the surface tension of the fluid and the 
applied pressure gradient. The notion that the material near the crack tip is softened, 
possibly by the adiabatic heating or a strain-softening phenomenon, is supported by the 
fracture-surface appearance [33, 35]. A model for the fracture toughness of BMGs, based 
on the resistance of a blunt crack to this instability, gives an expression for KIc in terms of 
the surface tension, Γ, and Young's modulus, E [35]: 
α
βπ E324K 3Ic Γ=     (18) 
where β is a scaling constant dependent on the work-hardening behavior and α ~ 2.7. 
Using values for E = 95 GPa and Γ = 1 J/m2, a KIc value of ~ 13 MPa.m1/2 was obtained 
from Equation 18. It is speculated that higher measured values of KIc than predicted 
values may be associated with a strain-rate effect, residual stresses, and/or with extensive 
crack branching and ligament bridging. Such mechanisms successfully applied in 
promoting toughness. Indeed, fracture toughnesses of 18 MPa.m1/2 have been measured 
when no crack branching is observed [35]. 
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Lewandowski, Wang, and Greer [123] suggested that a distinct scatter in the 
fracture toughness of BMGs, when nominally identical materials are tested using 
standardized test techniques, is because the metallic glasses under comparison have a 
wide range of Young’s modulus. Thus, it is better not to quantify their mechanical 
behavior in terms of the fracture toughness but rather in terms of the energy of fracture, 
G, which is the energy required to create two new fracture surfaces. For ideally brittle 
materials, G is just 2γ, where γ is the surface energy per unit area. Under the plane strain, 
G = K2/E(1-ν2). 
Lewandowski, Wang, and Greer [123] found that there is a distinct relationship 
between the fracture energy (G) and the elastic modulus ratio, shear modulus/bulk 
modulus (µ/B). The fracture energy decreases with increasing µ/B. When µ/B is greater 
than 0.41-0.43, metallic glasses are generally extremely brittle. Note that µ/B = 3(1-
2ν)/2(1+ν). Thus, higher values of ν give higher fracture energies, the transition between 
brittle and tough regimes where there is a large increase in G beyond the oxide glass 
values being for νcrit = 0.31 – 0.32 (Figure 38). Schroers and Johnson [124] also found 
that the small µ/B causes the tip of a shear band to extend rather than initiate a crack 
because the low shear modulus allows for the shear collapse before the extensional 
instability of the crack formation can occur. Thus, a large Poisson’s ratio might be the 
indicator of the ductile characteristic of a BMG. They have demonstrated a link between 
the plasticity and high values for ν for a particular platinum-rich glass. The correlation 
between mechanical properties and elastic moduli indicates that brittleness in metallic 
glasses can be improved by alloying with elements of high ν as constituents [123]. 
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2.4. Deformation of Bulk Metallic Glasses 
The deformation resulted from the mechanical behavior of metallic glasses can 
generally be classified as either inhomogeneous or homogeneous. The term 
“homogeneous deformation” generally means uniform deformation of the specimen at a 
macroscopic scale. The shape and size of the cross-sections of the deforming specimen 
change simultaneously everywhere along the loading axis and remain self-similar. 
Moreover, there is no observed macroscopic shear localization. In contrast with 
homogeneous deformation, the inhomogeneous deformation is the catastrophic shear 
failure characterized by the formation of localized shear bands, and major shear-band 
propagation. In general, what deformation (inhomogeneous or homogeneous) BMGs 
produce depends upon the deformation conditions like strain rates and temperatures. 
Schuh et al [125] further extended their room-temperature nanoindentation results to high 
temperatures. From the indentation data obtained at different temperatures, Schuh et al 
constructed a deformation map (Figure 39) for metallic glasses Pd40Ni40P20 and 
Mg65Cu25Gd10. In Figure 39, there is inhomogeneous regime, Homogeneous I regime, 
and Homogeneous II regime [125]. It is very distinct that the deformation behavior of 
BMGs is strongly dependent upon the strain rates and temperatures. 
The homogeneous deformation often occurs at high temperatures (e.g., T > 0.70 
Tg), and the metallic glasses can demonstrate significant plasticity, especially in the 
supercooled liquid region [126]. Kawamura et al [127] studied the high-temperature 
deformation of Zr65Al10Ni10Cu15 and Pd40Ni40P20 metallic glasses. In the supercooled 
liquid region, it was found that plastic flow was strongly dependent on strain rates. The 
high strain rate sensitivity results in a corresponding high tensile elongation. For 
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example, a tensile elongation of 340% was obtained at a strain rate of 5 × 10-2 /s at 673 
K. Nieh et al. [126] also found that the Zr52.5Cu17.9Al10Ni14.6Ti5 BMG alloy exhibited a 
maximum tensile elongation of over 600% at 425-440 °C at a high strain rate of 10-2 /s 
and the superplastic properties (e.g. flow stress and elongation) were very sensitive to the 
testing temperature. These researches also revealed that the deformation behavior of 
BMGs in the supercooled liquid region could be Newtonian or non-Newtonian, 
depending upon the testing temperature and the strain rate, and large tensile ductilities 
were universally obtained in BMGs in the supercooled liquid region [126-129]. Nieh et 
al. [128] found that Zr52.5Cu17.9Al10Ni14.6Ti5 BMG alloy showed Newtonian behavior at 
low strain rates and non-Newtonian when the strain rate increased. They thought that the 
observed non-Newtonian behavior could be ascribed to the glass instability during 
deformation. Specifically, nanocrystallization was found, which resulted from the 
enhanced kinetics induced by the applied stresses even though the deformation took place 
below the crystallization temperature. The term Newtonian behavior means that m is 
equal to 1 in the following equation: 
σ = K      (19) mε&
where m is the strain-rate-sensitivity exponent, ε&  is the strain rate, σ is the flow stress, 
and K is a constant. When m is not equal to 1, the BMG exhibited non-Newtonian 
behavior [126-129]. 
Inhomogeneous deformation usually occurs when a metallic glass is deformed 
at low temperatures (e.g., room temperature) and is characterized by the formation of 
localized shear bands, followed by the rapid propagation of these bands, and sudden 
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fracture. Typically, these shear bands are 10 to 20 nm in width [130]. A large amount of 
plastic strain occurs at these localized shear regions. However, the entire plastic 
deformation of the specimen is generally very low (~ 2-3%) [82]. Two primary 
hypotheses presented in the literature to explain the plastic flow and localized shear 
bands in metallic glasses [48]. The first hypothesis suggests that the viscosity in the shear 
bands decreases due to the formation of free volumes [43]. The second hypothesis 
suggests that the viscosity in the shear bands decreases due to the generation of local 
adiabatic heating [131]. The generally accepted view on inhomogeneous deformation in 
metallic glasses is the free-volume theory [43]. Whichever hypothesis, they believed that 
the decrease in viscosity resulted in localized deformation and inhomogeneous flow 
within the shear bands. 
At room temperature, the local heat exceeds the glass-transition temperature, or 
even possibly the melting temperature when a BMG sample failed [82]. The localization 
and the vein patterns were seen on fracture surfaces, which are consistent with shear 
softening in the bands. The estimates of the local temperature rise resulted from local 
heating ranged from less than 0.1 K to a few thousand K [132]. Wright et al. studied the 
serrated plastic flow in Zr40Ti14Ni10Cu12Be24 (at. %) and Pd40Ni40P20 (at. %) under 
compressive loading [43]. Quantitative measurements of the serrated deformation were 
employed to estimate the temperature increase in a single shear band due to local 
adiabatic heating. The predicted temperature increases only a few degrees Celsius. 
Lewandowski et al. estimated the temperature rise associated with shear-banding by 
fusible-coating VITRELOY 1 samples with a low-melting-point metal, tin [132]. They 
thought that there could be remarkable temperature excursions (rises of thousands of 
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degrees for a few nanoseconds) within a shear band during its operation [132]. Therefore, 
it is not surprising that structural changes could occur, such as the formation of 
nanocrystals and nanovoids. Even though the local heating is not the origin of shear 
localization, the temperature changes must be taken into account in analyzing shear-band 
operation [132]. This large discrepancy in temperature evaluation is due to the great 
difficulty of directly measuring temperature in extremely small distances and short time 
scales [133]. It is found that viscosity drops rapidly, and significant softening occurs in 
metallic glasses while the temperature is close to Tg [134]. This trend could result in rapid 
shear-band propagation and catastrophic failure in BMGs. Yang et al [133] employed a 
shear-transformation-zone (STZ) model and made a detailed theoretical analysis on the 
mechanical work and heat generation within a STZ unit. They demonstrated that a 
substantial temperature increase inside the shear band could occur by the collective STZ 
deformation. The temperature increase within a shear band, ∆Ts, could be calculated from 





ασ      (20) 
where α ≈ 0.9 is the ratio of plastic work converted to heat, σf is the nominal fracture 
strength, ρ is the density, and Cp is the heat capacity. When Yang et al performed tensile 
tests on a Zr52.5Cu17.9Ni14.6Al10.0Ti5.0 BMG, a high-speed thermographic infrared camera 
was used to conduct in-situ measurements on the temperature evolution as a result of the 
shear band operation [133]. They calculated the temperature increase within a shear band 
and found that it is in good agreement with the theoretical predictions based on STZ 
model. Yang et al [133] further computed the shear-band temperature of a variety of 
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BMGs using Equation 20. Figure 40 shows that the comparison between glass-transition 
temperature and calculated shear-band temperature at the fracture strength for different 
BMGs. It is seen that all calculated shear-band temperatures are very close to Tg. This 
interesting discovery reveals that catastrophic failure of a BMG is caused by the sudden 
drop in viscosity inside the shear band due to the temperature increase close to Tg. 
The above studies strongly suggest that the softening mechanism in metallic 
glasses is the major factor that resulted in the deformation of materials. The research on 
the deformation behavior of BMGs is critical to study and understand the excellent 
mechanical properties of BMGs. These theories could offer a new guideline for the 
development of the practical engineering BMGs. 
 
2.5. Applications of Bulk Metallic Glasses 
The BMG alloy systems display many remarkable advantages over conventional 
structural materials. For example, the yield strength of a typical amorphous alloy can be 
about 2-3 times greater than that of structural steels [27]. One of the great advantages of 
BMGs is the ease of formation of complicated net-shapes from the melt without the need 
for further machining and polishing operations. Even more importantly, these materials 
have the potential to be processed in a similar fashion as plastics [26]. With the unique 
and unconventional characteristics, BMG materials are adopted for applications in many 
fields. Up to now, BMGs have already been used as die materials, sporting equipment, 
electronics and medical materials. Success in these areas will result in the increasing 
importance of BMGs in engineering applications.  
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The first application of the new BMGs into the market is as golf-club head [26]. 
This BMG head is twice as hard and four times as elastic as Ti drivers, and 99% of the 
impact energy from a BMG head is transferred to the ball. BMGs are also applied in 
other high-end sporting goods, such as tennis rackets [27], and may also find applications 
for baseball bats, bicycle frames and so on. The Hookean elastic strain that a metallic 
glass can support in tension or in bending is almost double that of a commercially 
available crystalline material. Metallic glasses are premier spring materials. They have 
very high fracture strengths coupled with 2-3% of elastic strain while conventional 
aluminum, titanium alloys and steels can sustain 1-2% of elastic strain. On the other 
hand, the possibility of molding into components with thin sections allows BMGs to 
challenge magnesium alloys in the electronic appliances market. With the trend of 
miniaturization of personal electronic devices, such as MP3 players and personal digital 
assistants (PDA) [27], it is necessary to make the casing thinner while retaining sufficient 
mechanical strengths. In this case, BMGs exhibit obvious advantages over polymeric 
materials and conventional light alloys. Another area of commercial interest is a highly 
biocompatible, non-allergic form of the glassy material that would be suitable for medical 
components, such as prosthetic implants and surgical instruments [27]. The unique 
properties of BMGs for orthopedic applications include: (1) biocompatible; (2) excellent 
wear resistance; (3) high strength-to-weight ratio; (4) higher strength; and (5) possibility 
of precision net-shape casting without post-processing. One of the latest industries 
attracted by the BMG is the fine jewelry industry. The BMGs can achieve a stunning 
surface finish that catches the attention of luxury jewelry makers worldwide. The high-
performance characteristics and unique properties of BMG can create a metal surface that 
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is both exceptionally hard and scratch resistant, but can be polished to a high luster that is 
maintained over time. The ability of BMGs to be precision net-shape cast also allows 
jewelry designers to create bold lines and unique shapes not easily achieved with 
traditional metals [27]. In addition, BMGs are developing and processing for aerospace 
components. BMGs exhibit the promise for defense applications because BMGs 
dramatically reduce the structural mass [27]. 
As the yield strength of bulk metallic glasses is up to one order of magnitude 
higher than in polymers and the elastic strain limit is double that found in conventional 
metallic alloys [2]. In the near future, BMGs materials will become more and more 
significant for basic scientific research and engineering applications as the science and 
technology of this new field undergo further development. The nature and scope of the 
existing applications are changing rapidly with a number of new technologies emerging. 
Thus, new materials and fabrication processes are needed to meet the demands. The 
unique properties achievable in amorphous alloys must be updated continually to advance 
the technologies involved. 
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CHAPTER 3: EXPERIMENTAL PROCEDURES 
3.1. Materials 
Zr50Cu40Al10, Zr50Cu30Al10Ni10, and Zr50Cu37Al10Pd3 (in at. %) were the ternary 
and quaternary alloys used in the present study. The ladle-hearth type arc-melt tilt-casting 
technique was employed to manufacture these BMGs. The master-alloy ingots were 
prepared by arc-melting mixtures of pure Zr, Cu, Al, Ni, and Pd metals in an argon 
atmosphere. A special Zr-crystal rod (< 0.05 at. % oxygen) was employed in order to 
maintain the low-oxygen concentration of the alloys [135-137]. The tilt-casting technique 
has an advantage to control the molten alloy flow to restrict the formation of cold shuts, 
which probably induces fatigue-crack initiation and propagation [136].   
The ladle-hearth type arc-melt tilt-casting technique was also employed to 
manufacture partially crystallized Zr50Cu40Al10, Zr50Cu30Al10Ni10, and Zr50Cu37Al10Pd3 
(in at. %). Similarly, the master-alloy ingots were prepared by arc-melting mixtures of pure 
Zr, Cu, Al, Ni, and Pd metals in an argon atmosphere. A special Zr-crystal rod (< 0.05 at. 
% oxygen) was employed in order to maintain the low-oxygen concentration of the alloys. 
The sample was cast into a plate specimen with a length of approximately 60 mm, a 
width of 26 mm, and a thickness of 3 mm. Because of the difficulty to control pouring the 
melt into the mold during casting the plate specimens, the feeding rate is strongly limited 
for plate specimens, and the cooling rate was lower than rod specimens. As a result, the 
plate specimen contained crystalline phases, while the rod specimen was fully 
amorphous. 
The Zr41.2Cu12.5Ni10Ti13.8Be22.5 (in at. %) samples (LM001) and Zr56.2Ti13.8Nb5.0-
Cu6.9Ni5.6Be12.5 (in at. %) BMG composite (LM002) [Zr47Ti12.9Nb2.8Ni9.6Cu11Be16.7 BMG 
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matrix composite with a dendritic Zr-Ti-Nb (β) phase] samples were made by 
Liquidmetal Technologies (Lake Forest, CA). The alloys were prepared with an 
experimental process that is in the development for commercial-prototype productions. 
Commercial-grade raw materials were alloyed, using a hot-wall refractory crucible. The 
samples were initially produced in a plate form by employing a metal-mold-casting 
method. There were two batches of LM001 samples that are from different lots (Batches 
59 and 94). The element composition of Batch 59 contains less oxygen than Batch 94. 
Moreover, the process control during the fabrication of Batches 59 is better than that of 
Batch 94, which induced less oxygen in Batch 59. LM001 samples different from 
Batches 59 and 94 were also provided. The dendritic phase in LM002 precipitates 
directly from the melt. During cooling from the high-temperature melt, a partial 
crystallization occurred by the nucleation and subsequent dendritic growth of the β phase 
in the remaining liquid. The remaining liquid subsequently freezes rapidly to form a two-
phase microstructure containing β-phase dendrites in a glass matrix [53]. 
 
3.2. Fatigue Experiments 
3.2.1. Tension-Tension Fatigue Testing in Air of Notched Round Bar Samples 
The cast samples were machined into the button-head notched fatigue 
specimens, as shown in Figure 20. The stress-range value reflects the stress-concentration 
factor (Kt) of 1.55 at the notched section for this kind of specimens [36-37]. A finite-
element analysis (FEA) was also employed to calculate the Kt of this notched sample. To 
avoid surface effects, the samples were, then, polished using a P4,000/1,200 grit SiC 
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paper. The gripping system and the specimen geometry were modified versions of those 
employed for testing ceramics and other brittle materials at the Oak Ridge National 
Laboratory (ORNL). Peter et al. [36-37] has already proved that the modified gripping 
system largely eliminated the effect of crack initiation at the localized points of contact 
by increasing the area of the contact between the BMG sample and the grip. 
A computer-controlled material test system (MTS) servohydraulic testing machine 
(MTS 810) was employed for fatigue studies. The machine was aligned prior to use, and as 
required.  Samples were tested at various stress ranges with a R ratio of 0.1 under a load-
control mode, using a sinusoidal waveform at a frequency of 10 Hz. Upon failures or 107 
cycles, samples were removed for later examinations by SEM. 
 
3.2.2. Tension-Tension Fatigue Testing in Vacuum of Notched Round Bar 
Samples 
Prior to testing the specimens in vacuum, the chamber was evacuated and 
backfilled with the pure argon three times or more. A gettering furnace was employed to 
remove any impurities from the argon gas before entering the chamber. Finally, the chamber 
was evacuated to 10-5-10-6 Torr while the samples were tested. An ionization gauge with a 
hot tungsten filament open to the chamber environment was used to detect the vacuum at low 
pressures. The button-head notched fatigue specimens were also used in this experiment. 
The samples were similarly polished using a P4,000/1,200 grit SiC paper prior to fatigue 
testing. The ionization gauge was turned off after recording the vacuum pressure. All 
experiments were performed on notched specimens in vacuum with an ionization gauge off 
during fatigue testing.  
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The samples in vacuum were tested in the same manner as the samples in air and at 
the same stress ranges. Fatigue tests in vacuum were also performed on the computer-
controlled MTS servohydraulic testing machine (MTS 810) with a R ratio of 0.1 under a 
load-control mode, using a sinusoidal waveform at a frequency of 10 Hz. Upon failures or 
107 cycles, samples were removed for later examinations by SEM. 
 
3.2.3. Tension-Tension Fatigue Testing in Air of Tapered Round Bar Samples 
In the beginning, the notched bar specimens were employed in our experiments 
[36-37, 116-118]. Because the BMG materials are usually very brittle, in order to 
facilitate the fatigue experiments of the BMGs, a notch was machined at the middle 
section of the sample. Thus, the sample will fail at the notched section, and the fracture 
behavior is easily monitored and studied. The stress-concentration factor (Kt) of 1.55 [36-
37] was employed in the stress-range values at the notched section. One could argue that 
1.55 may be overestimated about 10% [39-40]. A finite-element analysis (FEA) was 
employed to verify the stress concentration factor of the notched LM001 sample. 
Although the results showed that 1.55 is acceptable (the detail will be addressed later), 
the tapered fatigue specimens, as shown in Figure 41, were employed in subsequent 
experiments. The stress-concentration factor for the tapered specimens was neglected. 
The tapered sample is usually employed on the tests of the brittle materials like ceramics. 
To avoid surface effects, the samples were similarly polished using a P4,000/1,200 grit 
SiC paper. The gripping system is the same as that was employed for testing the notched 
samples. This experiment is used to verify the modified geometry samples and compared 
with the fatigue results of different geometry samples. 
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Similarly, the computer-controlled MTS servohydraulic testing machine (MTS 
810) was used for fatigue tests on tapered specimens. The tapered samples were tested at 
various stress ranges with a R ratio of 0.1 under a load-control mode, using a sinusoidal 
waveform at a frequency of 10 Hz. Upon failures or 107 cycles, samples were removed for 
later examinations by SEM. 
 
3.2.4. Bending Fatigue Testing in Air of Rectangular Beam Specimens 
Plates or rod samples were cut into 3 × 3 × 26 mm rectangular beam specimens 
for three- and four-point-bend testing using wire electro-discharge machining (EDM). All 
samples were, then, polished to avoid surface effects. Each side of these samples was 
polished to a P4,000/1,200 SiC grit surface finish parallel to the longitudinal axis of the 
specimens using a polishing fixture (South Bay Technologies, San Clemente, CA) to 
keep the sides parallel and perpendicular. Before the fatigue tests, the height and width 
were measured and used to calculate the applied stress range at the tensile surface. 
A computer-controlled MTS servohydraulic testing machine (MTS 810) was 
employed to test these samples again. Three or four-point-bend experiments were 
performed with an R ratio of 0.1 under a load-control mode, using a sinusoidal waveform 
at a frequency of 10 Hz. The stress (σ) at the tensile surface within the inner span was 
calculated from the beam theory using Equation 12. Here S1 = 0 mm and S2 = 20 mm is 
for three-point-bend testing and S1 = 10 mm and S2 = 20 mm is for four-point-bend 
testing. The bending fixture layout and beam dimension are shown in Figure 42. After 
failures or 107 cycles, samples were removed and stored for later examinations by SEM. 
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3.3. Thermography 
Thermography detection was conducted, using a state-of-the-art Indigo Phoenix 
thermographic-infrared (IR) imaging system with a 320 x 256 pixels focal-plane-array InSb 
detector that is sensitive to a thermal radiation wavelength of 3 to 5 µm [39-43]. The 
temperature sensitivity is 0.015 °C at 23 °C, while the spatial resolution can be as small as 
5.4 µm. The system has a maximum data-acquisition speed of 120 Hz at a full frame of 320 
× 256 pixels and 38,400 Hz at 16 × 16 pixels. During fatigue testing, a thin sub-micron 
graphite coating was applied on the specimen gage-length section to decrease the surface-
heat reflection. The IR camera was used at a speed of 300 Hz with 128 x 128 pixels in the 
current study. A thermocouple attached to the sample was employed to calibrate the IR 
camera at the beginning period of each test. During the calibration, a heat gun was used to 
heat up the specimen to a given temperature, and, then, the specimen was cooled in air. 
Different temperatures were read from the temperature meter during cooling. The 
calibrated intensities of the IR camera were used to build temperature maps.  
 
3.4. Microstructural Characterizations 
3.4.1. Transmission-Electron Microscopy (TEM) 
Specimens for TEM were prepared by the electro-chemical polishing with the 
nitric acid ethanol at about 250 K. A JEOL 2010 F model high-resolution transmission-
electron microscopy (HRTEM) with an accelerated voltage of 200 kV was used to 
investigate the microstructural features. 
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3.4.2. X-ray Diffraction 
X-ray diffraction patterns were obtained to characterize the structure of BMG 
specimens with a Philips X'pert X-ray diffractometer using Cu Kα of 1.542 Å. 
 
3.4.3. Scanning-Electron Microscopy (SEM) 
The fracture surfaces of selected specimens were examined, using a Leo 1526 




CHAPTER 4: RESULTS AND DISCUSSIONS 
4.1.  Fatigue Behavior 
4.1.1. Tension-Tension Fatigue Testing in Air of Notched Round Bar Samples 
4.1.1.1. Experimental Results 
Figure 43 presents the results of the standard X-Ray diffraction on the selected 
Zr50Cu40Al10, Zr50Cu30Al10Ni10, Zr50Cu37Al10Pd3, Batch 59, and Batch 94 samples, which 
only shows a broad diffraction peak corresponding to an amorphous structure, and no 
peaks of any crystalline phases can be found. These trends could indicate that 
Zr50Cu40Al10, Zr50Cu30Al10Ni10, Zr50Cu37Al10Pd3, Batch 59 and Batch 94 BMG specimens 
have an amorphous structure. The HRTEM observation was performed on Zr50Cu40Al10 
and Zr50Cu37Al10Pd3. TEM results were presented in Figure 44. The diffraction pattern of 
Zr50Cu40Al10 shows the typical amorphous halo, and the HRTEM micrograph of 
Zr50Cu40Al10 shows a totally amorphous microstructure. However, the diffraction pattern 
of Zr50Cu37Al10Pd3 exhibits a diffracting ring. The HRTEM micrograph of 
Zr50Cu37Al10Pd3 shows nanoscale particles, as indicated in Figure 44. TEM results reveal 
that Zr50Cu37Al10Pd3 could include nano structures. 
Table 4 lists the mechanical properties of the Zr50Cu40Al10, Zr50Cu30Al10Ni10, 
Zr50Cu37Al10Pd3, and Zr41.2Cu12.5Ni10Ti13.8Be22.5 BMGs. Zr41.2Cu12.5Ni10Ti13.8Be22.5 has 
the highest hardness. The mechanical properties of Zr50Cu40Al10, Zr50Cu30Al10Ni10, and 
Zr50Cu37Al10Pd3 show no distinct difference. However, the tensile strengths (~ 1,900 
MPa) of Zr50Cu30Al10Ni10, Zr50Cu37Al10Pd3, and Zr41.2Cu12.5Ni10Ti13.8Be22.5 are greater 
than that (1,821 MPa) of Zr50Cu40Al10. These Zr-based BMGs have similar Young’s 
moduli, bulk moduli, shear moduli, and Poisson’s ratios.  
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Figure 45 presents the fatigue results for the Zr50Cu40Al10, Zr50Cu30Al10Ni10, 
Zr50Cu37Al10Pd3, and Zr41.2Cu12.5Ni10Ti13.8Be22.5 (Batches 59 and 94) samples tested in air 
with R = 0.1 and a frequency of 10 Hz. The stress-range values reflect the stress-
concentration factor (Kt) of 1.55 [36-37] at the notched section. Note that Batch 59 
contains less oxygen than Batch 94. The values of the stress ranges for these BMGs in the 
fatigue life range of 103 to 104 cycles decreased significantly with increasing the cycles to 
failure. The values of the stress ranges for Zr50Cu37Al10Pd3 in the fatigue-life range of 103 
to 104 cycles decreased slower than those of other BMGs with the increase of cycles to 
failure. The fatigue life of Zr50Cu37Al10Pd3 seems to be shorter than the other BMGs at 
high stress level (≥ 1,300 MPa). The fatigue lives of Zr41.2Cu12.5Ni10Ti13.8Be22.5 are 
generally shorter than the other BMGs. The fatigue life of Batch 94 is shorter than Batch 
59. The fatigue lives of Zr50Cu40Al10 and Zr50Cu30Al10Ni10 are comparable.  
The values of the fatigue-endurance limits (σe) for the Batch 94, Batch 59, 
Zr50Cu40Al10, Zr50Cu30Al10Ni10, and Zr50Cu37Al10Pd3 samples subjected to tension-tension 
loading were approximately 615 MPa, 703 MPa, 752 MPa, 865 MPa, and 983 MPa, 
respectively. Zr50Cu37Al10Pd3 exhibited the highest fatigue-endurance limit of 983 MPa 
among these BMGs. The current results are in good agreement with the fatigue data that 
Yokoyama et al. reported when they studied the fatigue behavior of different Zr-based 
BMGs using rotating-beam fatigue testing machines [42]. Zr50Cu30Al10Ni10 has a better 
fatigue resistance than Zr41.2Cu12.5Ni10Ti13.8Be22.5 and Zr50Cu40Al10. Zr41.2Cu12.5Ni10Ti13.8-
Be22.5 exhibits a lower fatigue-endurance limit than other BMGs. Especially, the high-
oxygen-containing Batch 94 has the lowest fatigue resistance.  
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The fatigue ratios (σe divided by the ultimate tensile strength) for Batch 94, 
Batch 59, Zr50Cu40Al10, Zr50Cu30Al10Ni10, and Zr50Cu37Al10Pd3 were 0.33, 0.38, 0.41, 
0.46, and 0.52, based on the ultimate tensile strength of 1,850 MPa, 1,850 MPa, 1,821, 
1,900 MPa, and 1,899 MPa, respectively. The fatigue ratios of these BMGs show the 
same trend as the fatigue-endurance limits of these BMGs. Zr50Cu37Al10Pd3 exhibits the 
greatest fatigue ratio over 0.5, while Batch 94 has a lowest fatigue ratio. 
 
4.1.1.2. Fractography 
The whole fatigue fracture surface was generally composed of the four regions: 
the fatigue-crack initiation, crack-propagation, fast-fracture, and apparent-melting areas. 
For example, Figure 46 shows the fatigue-fracture surfaces of the Zr50Cu37Al10Pd3 
specimens tested in air, which exhibits the four regions. The fracture surface is basically 
perpendicular to the loading direction. In general, the crack-initiation site on the notched 
surface was found [Figure 46(a)], and a fatigue crack originates and propagates towards 
the inside of the specimen. The propagation region is of a thumb-nail shape, and it 
exhibits a striation-type fracture [Figure 46(b) and Figure 46 (c)]. The striation between 
Lines 1 and 2 in Figure 46(b) is usually considered as a coarse striation that can be 
observed even at low magnifications. However, many fine striations in the coarse 
striation could also be found at high magnifications.  
The fast-fracture region was very rough and occupied most of the whole 
fracture surface [Figure 46(a)], which is similar to the tensile facture surface. The fast 
fracture region has a dimpled mode [Figure 46(d)]. Besides the three regions above, 
another region can be observed, which is relatively flat in the melting area. The distinct 
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melting mark and vein pattern can be observed in the melting region at a high 
magnification by SEM [Figure 46(e)]. The same fracture morphology was found in 
Zr50Cu40Al10 and Zr50Cu30Al10Ni10 BMGs [116-117]. Furthermore, similar crack-
propagation, fast fracture, and apparent melting morphologies were observed in 
Zr41.2Cu12.5Ni10Ti13.8Be22.5 [118]. However, the crack was found to initiate from casting 
defects, such as porosity or oxide inclusions, in Zr41.2Cu12.5Ni10Ti13.8Be22.5, as shown in 
Figure 47(a) and Figure 47(b). Note that the energy-dispersive spectroscopy indicated the 
presence of oxygen in the inclusions and porosities, but no oxygen was found in other 
regions [Figure 47(b)]. There is a distinct boundary between the crack-propagation and 
fast fracture regions [Figure 46(c)], which reveals that the fatigue and final tensile 
fracture are probably controlled by different fracture mechanisms. In other words, the 
striation-type fracture mode was observed in the fatigue-crack-growth region [Figure 
46(b)], while the dimpled fracture was found in the fast fracture region [Figure 46 (d)]. 
 
4.1.1.3. Discussions 
Note that in Figure 45, the stress range (∆σ, MPa) and the number of fatigue 
cycles (N) data of Zr50Al10Cu40, Zr50Al10Cu30Ni10, Zr50Cu37Al10Pd3, Batch 59, and Batch 
94 were fitted for engineering applications. The results used for the equations, shown 
below, are the data points above the fatigue-endurance limits. 
∆σ = -971.5Log(N) + 4,907.8  for Zr50Cu40Al10   (21) 
∆σ = -963.6Log(N) + 4,928.9  for Zr50Cu30Al10Ni10   (22) 
∆σ = -169.9Log (N) + 2,682.6 for Zr50Cu37Al10Pd3   (23) 
 66
∆σ = -558.6Log(N) + 5,877.5  for Batch 59    (24) 
∆σ = -506.0Log(N) + 5,076.8  for Batch 94    (25) 
The fatigue lives of Zr50Cu40Al10, Zr50Cu30Al10Ni10, and Zr50Cu37Al10Pd3 are 
longer than that of Zr41.2Cu12.5Ni10Ti13.8Be22.5 (Batches 59 and 94). The reason that the 
fatigue lives and endurance limit of Zr41.2Cu12.5Ni10Ti13.8Be22.5 (Batches 59 and 94) were 
lower than Zr50Cu40Al10, Zr50Cu30Al10Ni10, and Zr50Cu37Al10Pd3 can be related to the 
presence of porosities and inclusions in Batches 59 and 94. Because casting defects, such 
as porosities and oxide inclusions, exist, the crack can initiate easily from these defects 
due to stress concentration. Since high pure raw materials were used to fabricate 
Zr50Cu40Al10, Zr50Cu30Al10Ni10, and Zr50Cu37Al10Pd3 and commercial raw materials were 
used to fabricate Zr41.2Cu12.5Ni10Ti13.8Be22.5, this characteristic could be understood. 
Moreover, in Zr41.2Cu12.5Ni10Ti13.8Be22.5, the fatigue behavior of Batch 59 was better than 
that of Batch 94, which resulted from fewer porosities and oxide inclusions in Batch 59 
because the element composition of Batch 59 contains less oxygen than Batch 94 and the 
process control during the fabrication of Batches 59 is better than that of Batch 94, which 
induced less oxygen in Batch 59. 
The fatigue lives of Zr50Cu40Al10 and Zr50Cu30Al10Ni10 are essentially 
comparable at higher stress levels (σmax ≥ 1,000 MPa) in air. However, the endurance 
limit of Zr50Cu30Al10Ni10 is greater than Zr50Cu40Al10. The present results are consistent 
with Yokoyama’s rotating fatigue data of Zr50Cu40Al10 and Zr50Cu30Al10Ni10, which 
exhibits a greater endurance limit in Zr50Cu30Al10Ni10 [119]. Yokoyama suggested that 
the difference between fatigue limits of Zr50Cu40Al10 and Zr50Cu30Al10Ni10 alloys are 
caused by the easy formation of oxidization film on the fresh fatigue-fractured surface 
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because the addition of Ni to the Zr-Cu-Al bulk metallic glass is reported to significantly 
increase its ability to resist oxygen absorption [119]. 
In Figure 45, Zr50Cu37Al10Pd3 exhibited the highest fatigue-endurance limit, but 
at higher stress levels (≥ 1,300 MPa), it had a shorter lifetime than other BMGs. This 
trend probably resulted from the nano-structure in Zr50Cu37Al10Pd3. Figure 48 showed the 
crystalline-like fracture feature in some region of Zr50Cu37Al10Pd3. Microcracks in the 
structure could be seen. A possible explanation for this fatigue-behavior trend of 
Zr50Cu37Al10Pd3 is described below. At higher stress levels, the nano-structure could act 
like some casting defects. Microcracks could result from the nano-structures inside or at 
the interface between the nano-structure and BMG matrix, and microcracks could grow 
and form cracks. But at lower stress levels, the nano-structure could play another role. 
Because the stress is small, the microcrack cannot form from the nano-structure. The 
nano-structure could limit the propagation of shear bands. In addition, the nano-structure 
could retard the growth of cracks. Thus, Zr50Cu37Al10Pd3 had longer lifetimes at lower 
stress levels and a higher endurance limit relative to other BMGs. Similarly, Flores et. al. 
[38] studied the fatigue and fracture behavior of bulk-metallic glass-matrix composites. 
They thought that the separation of the second-phase regions limits the size of the initial 
defect or crack, thus, preventing the crack from experiencing the applied stress-intensity-
factor-range (∆K) values, and the relatively fine dispersion of the second phase also 
limits the length of shear bands at low loads so that the maximum flaw size was reduced, 
and the fatigue-endurance limit increased in the BMG composite, relative to the BMG 
[38].  
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Above all in Figure 45, the chemical compositions have significant effects on 
the fatigue behavior of Zr-based BMGs. Thus, by tailoring the chemical compositions of 
BMGs, it is possible to optimize the fatigue resistance of BMGs, provided that the effect 
of the chemical composition on fatigue behavior is understood. If casting defects exist, 
microcracks can easily initiate from these defects. The fatigue properties will be degraded 
severely. Therefore, it is critically important to avoid casting defects during the 
fabrication of BMGs. 
 
4.1.1.4. Finite Element Analyses on the Kt
ANSYS was used to model the notched bar sample of Zr41.2Cu12.5Ni10Ti13.8Be22.5 
and determine the axial stress concentration at the notch tip under the tension loading. An 
axisymmetric two-dimensional (2-D) model and a three-dimensional (3-D) model were 
employed to verify the analytical accuracy. The stress-concentration factor is, then, 
calculated by dividing the maximum stress at the root of the notch (σmax) by the nominal 
stress, which can be present if a stress concentration does not occur. Note that Kt and Kn 
are the stress concentration factors based on the normal stress on the un-notched and 












     (27) 
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where St = 2d
P4
π  and Sn = 2D
P4
π  are the normal stresses on the notched and un-notched 
cross-sections, respectively, and  P is the tensile load. The relationship between Kt and Kn 
is give by: 
Kt = Kn 2
2
D
d      (28) 
The BMG material was modeled as a linear isotropic elastic solid. The Young's Modulus 
(E) and the Poisson's ratio (ν) are the essential material parameters for these models. For 
Zr41.2Cu12.5Ni10Ti13.8Be22.5, E is 96 GPa and ν is 0.36 [81].   
The 2-D axisymmetric model used in ANSYS is shown in Figure 50. The 
bottom side of the model has two displacement-boundary conditions (Ux = Uz = 0), while 
the right side of the model has also two displacement-boundary conditions (Uz = Uy = 0). 
The element used in ANSYS is the PLANE83 element, which supports axisymmetric 
loads. When meshing the 2-D model, the area near the notch was meshed with triangular 
elements, which well fit the curved notch boundary. The top portion of the bar was 
mapped with quadrilateral elements. These two areas were, then, “glued” together so that 
they formed one entity, as shown in Figure 51(a). After refining the mesh near the 
notched area, the model is solved with the appropriate loads that result in Sn = 1 MPa. In 
the GENPOSTPROC, after reading the results, the deformed shape can be plotted as 
shown in Figure 51(b). A contour figure was plotted to show the axial stress distribution 
(Figure 52). Thus, the maximum axial stress of 2.678 MPa can be obtained. Since the 
nominal stress was of unit magnitude, the stress concentration factor, Kn, is 2.678 at the 
notch tip for the 2-D axisymmetric model. 
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A full 3-D model with appropriate boundary and symmetry conditions was used 
to solve the same problem. The model is meshed using SOLID95 elements and mapped 
using the VOLUME SWEEP option in ANSYS, so the hexagonal elements were formed  
[Figure 53(a)].  With this mesh, 3-D wedges were formed, which could cause problems if 
the stress gradient is too high. Since the sample in our experiment does not have a high 
stress gradient, these elements are acceptable. After meshing the specimen and applying 
the same loads as the 2-D model does, the problem was solved. After reading the data, a 
contour plot of the axial stress was presented in Figure 53(b). The results showed that the 
maximum stress for the 3-D model was 2.693 MPa. Therefore, the stress concentration 
factor, Kn, is 2.693. 
Based on the calculation of two models, it is reasonable that Kn is considered as 
2.69. Kt = 1.49 can be obtained using Equation 28. Figure 54 shows the previous fatigue 
results with Kt = 1.55, and the current fatigue results with Kt = 1.49. When Kt is applied 
as 1.55, the values of the fatigue-endurance limit (σe) for the Zr41.2Cu12.5Ni10Ti13.8Be22.5 
(Batch 94) and Zr41.2Cu12.5Ni10Ti13.8Be22.5 (Batch 59) samples subjected to tension-
tension loading, based on the stress range, were approximately 615 MPa and 703 MPa, 
respectively, and the fatigue ratios (σe divided by the ultimate tensile strength) for 
Batches 94 and 59 were 0.33 and 0.38, based on the ultimate tensile strength of 1,850 
MPa and 1,850 MPa, respectively [118]. If Kt = 1.49 is used now, the fatigue-endurance 
limits for Batches 94 and 59 are 591 MPa and 676 MPa, respectively, and the fatigue 
ratios for Batches 94 and 59 were 0.32 and 0.37, respectively. The difference between the 
previous results and the current results is about 4 %. Therefore, it is acceptable that the 
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stress-concentration factor (Kt) of 1.55 was employed in the stress-range values at the 
notched specimens in the current research.  
 
4.1.2. Tension-Tension Fatigue Testing in Vacuum of Notched Round Bar 
Samples 
Figure 55 presents the fatigue results for Zr50Cu40Al10, Zr50Cu30Al10Ni10 and 
Zr50Cu37Al10Pd3 in vacuum. The stress-range values reflect the stress-concentration factor 
(Kt) of 1.55 [36-37] at the notched section for the notched specimen. The value of the 
stress range for these BMGs in the fatigue-life range of 103 to 104 cycles decreased 
significantly with increasing the cycles to failure. The fatigue-endurance limits (σe), 
based on the applied stress range, for Zr50Cu30Al10Ni10 and Zr50Cu37Al10Pd3 tested in 
vacuum, were approximately 791 MPa and 1,055 MPa, respectively. The majority of the 
Zr50Cu40Al10 specimens that were tested at or below the stress range of 800 MPa in 
vacuum failed near the gripping section rather than at the notched section. Thus, the 
fatigue limit for the Zr50Cu30Al10 BMGs tested in vacuum was unknown so far. The 
vacuum data of Zr50Cu40Al10, Zr50Cu30Al10Ni10 and Zr50Cu37Al10Pd3 did not display 
distinctly different lifetimes for any given stress range above the fatigue-endurance 
limits. The fatigue results in Figure 56 are presented for the Zr50Cu40Al10, 
Zr50Cu30Al10Ni10, and Zr50Cu37Al10Pd3 samples tested in air and vacuum with R = 0.1 and 
a frequency of 10 Hz. For each material, the lifetime of these BMGs show no large 
difference in air and vacuum. The investigations by SEM on the fractured surface of 
specimens that were tested in vacuum revealed that there is no difference from those that 
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were tested in air. The fatigue-fracture surface generally included the fatigue-crack 
initiation, crack-propagation, fast-fracture, and apparent-melting regions. Each region 
shows similar feature for the fractured samples surface in vacuum and air. 
Peter et al. [36, 37] found that turning on the ionization gauge in the vacuum 
system affected the fatigue property of a different BMG. The ionization gauge monitors 
the pressure under high-vacuum conditions, and is open to the testing chamber. A hot 
tungsten filament is used in the gauge. The hot tungsten filament can dissociate the 
residual water vapor into the atomic hydrogen and oxygen. The atomic hydrogen resulted 
in a decrease of the fatigue life when the ionization gauge was turned on [36, 37]. In the 
present study, the ionization gauge was turned off, and no distinct difference of the 
fatigue life in air and vacuum was found, which is consistent with the fatigue results 
developed with the ionization gauge off by Peter et al. [36, 37]. 
 
4.1.3. Tension-Tension Fatigue Testing in Air of Tapered Round Bar Samples 
4.1.3.1. Experimental Results 
The polished cross-section of LM001 and LM002 samples were observed by the 
optical microscopy. Figure 57 shows the optical micrographs of LM001 and LM002 
specimens. It was found that LM001 exhibits the typical featureless amorphous 
microstructure, as seen in Figure 57(a). However, LM002 exhibits the β phase dendritic 
microstructure, and the matrix appears uniform and free of heterogeneity in the optical 
micrograph, as shown in Figure 57(b). 
The results of the standard X-Ray diffraction indicated that LM001 has an 
amorphous structure, as presented in Figure 58, which only shows a broad diffraction 
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peak corresponding to an amorphous structure. However, LM002 shows a few diffraction 
peaks, which indicates there are Zr-based crystalline phases in LM002. These Zr-based 
crystalline phases could be the dendritic bcc phases whose composition is Zr71Ti16.3Nb10-
Cu1.8Ni0.9 [54]. 
The fatigue results for the LM001 and LM002 samples in air are exhibited in 
Figure 59. The fatigue lives of the LM001 are generally longer than those of the LM002. 
The fatigue-endurance limits (σe), based on the applied stress ranges, for the LM001 and 
LM002 samples tested in air were approximately 567 MPa and 239 MPa, respectively. 
The fatigue ratios (σe divided by the ultimate tensile strengths of 1,850 MPa and 1,500 
MPa) for LM001 and LM002 were 0.31 and 0.16, respectively.   
 
4.1.3.2. Fractography 
The fatigue-fracture surface of the LM001 specimen tested at σmax = 769 MPa 
and LM002 specimen tested at σmax = 391 MPa are shown in Figure 60 and Figure 61, 
respectively. The entire fatigue-fracture surface consisted of four main regions: the 
fatigue-crack-initiation, crack-propagation, fast-fracture, and final apparent-melting areas 
[Figure 60(a) and Figure 61(a)]. The fracture surface of LM001 is the same as that we 
observed using the notched LM001 sample before [118]. The fracture surface of LM001 
is basically perpendicular to the loading direction, but the fracture surface of LM002 is 
inclined to the loading direction (Figure 62). The crack generally initiates from casting 
defects, such as porosities or oxide inclusions, in LM001 and LM002 [Figure 60(b) and 
Figure 61(b)]. The propagation region is of a thumb-nail shape and relatively flat in 
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LM001, and it exhibits a striation-type fracture [Figure 60(c)] [118]. However, LM002 
has a very rough crack-propagation region and no distinct fatigue striation, which is 
similar to that observed on some ductile metals [Figure 61(c) and Figure 61(d)]. For 
LM001, the final fast fracture region is very rough. Moreover, the fast-fracture area 
shows a dimple-type morphology [Figure 60(d) and Figure 60(e)]; For LM002, the final 
fracture region exhibits a different dimple-type morphology [Figure 61(d) and Figure 
61(e)]. Besides the three regions above, the melting region can be observed, which is 
close to the outer surface [Figure 60(a) and Figure 61(a)]. The distinct melting mark and 
vein pattern can be observed in the melting region at a high magnification by SEM 
[Figure 60(f) and Figure 61(f)]. There is a distinct boundary between the fatigue-crack-
growth region and the fast-fracture region [Figure 60(d) and Figure 61(d)]. No vein-like 
structure, induced by the liquid drops, was found during the crack propagation process. 
This trend demonstrates that the melting phenomenon of BMGs did not occur at the tip of 
the fatigue crack during the crack-propagation stage. In fact, it means that the released 
elastic energy due to crack propagation is too low to melt the metallic glass locally. The 
final fracture surface shows a clear vein-like structure [Figure 60(e) and Figure 61(e)], 
which indicates that the local viscosity changed since the temperature is very high at the 
moment of fracture. 
 
4.1.3.3. Discussions 
The stress range (∆σ, MPa) and the number of fatigue cycles (N) data of LM001 
and LM002 were fitted for engineering applications in Figure 59. The results used for the 
equations, as shown below, are the data points above the fatigue-endurance limits. 
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∆σ = -438.2Log(N) + 2,666.5  for LM001   (29) 
∆σ = -336.3Log(N) + 2,032.4  for LM002   (30) 
As the commercial raw materials were used, it was found that cracks initiated 
from porosities or oxide inclusions. Fatigue results reveal that the fatigue lives of LM002 
are shorter than those of LM001 in air, as shown in Figure 59. Moreover, the fatigue-
endurance limit of LM002 is much less than that of LM001. To compare our results with 
those by Gilbert et al. [34, 35] and Flores et al. [38], all of these results are plotted 
together in Figure 63. Gilbert et al. [34, 35] used beam samples to do four-point-bending 
fatigue tests on the VITRELOY 1 that has the same composition as LM001. Flores et al. 
[38] also used beam samples to conduct four-point-bending fatigue experiments on the 
BMG composite that has the same composition as LM002.  
The fatigue-endurance limit of the current LM001 is much greater than that of 
the same alloy studied by Gilbert et al. [34, 35]. The fatigue ratios of 0.31 for the current 
LM001 is much greater than those of 0.06 to 0.08 for the same alloy studied by Gilbert et 
al. [34, 35]. However, the fatigue lifetimes of the LM001 and Gilbert et al’s alloy are 
similar at higher stress level (σmax > 690 MPa). The possible reason for this distinct 
difference in the fatigue-endurance limit and fatigue ratio could be due to specimen 
geometries and testing procedures, as discussed in our paper [118]. Noted that our results 
of LM002 are consistent with the results developed by Flores et al. [38], though they 
conducted the four-point-bend fatigue experiments on rectangular BMG composite 
beams at a frequency of 25 Hz, while the current tests were performed on round, tapered 
samples in uniaxial tension at a frequency of 10 Hz. Thus, it is possible that the test 
volume has little influence on the BMG composite because the BMG composite has the 
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improved ductility and fracture toughness. But the monolithic BMG is very brittle, which 
is very sensitive to defects, stress raisers, and free volumes, which will accelerate shear-
band formation, crack initiation. Therefore, the fatigue-endurance limit decreases, as 
compared to the extremely limited test volume in the tapered-tension specimen used in 
the current research. It is likely that the greater the test volume is, the smaller the fatigue-
endurance limit is for BMGs. There is little influence on the ductile BMG composite 
whose impact toughness values improved by a factor of 2.5 and average tensile strains to 
failure by a factor of 2.7, compared to VITRELOY 1 [54]. 
Unlike crystalline materials, BMGs have no grain boundaries and dislocations. 
BMGs show the very different fracture surfaces. This characteristic means that fatigue-
damage mechanisms of crystalline materials cannot be used to explain the fatigue 
behavior of BMGs. In general, slip bands, twinning, and grain boundaries are the 
preferential sites for the nucleation of fatigue cracks in crystalline alloys. However, 
fatigue crack-initiation and growth mechanisms of BMGs could be different from those 
of the crystalline alloys. Shear bands could be found during the tensile testing [103, 104]. 
The deformation mechanism of metallic glasses is usually attributed to the presence of 
shear bands [103, 104]. Similarly, shear bands was observed in a bulk-metallic-glass 
based composite [130]. In the BMG-based composite, a shear-band path is not confined 
to one “plane”, and the localization of deformation was observed in the crystalline phase. 
Flores et al. [38] suggested that the second phase constrains the propagation of shear 
bands during fracture, changes the shear-band plane, which results in the improvements 
in both the fracture resistance and fatigue lifetime. However, our results indicate that the 
existence of the second phase in the composite (LM002) resulted in the decrease of 
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fatigue lifetimes, relative to the amorphous material (LM001). According to Figure 61(c), 
the fatigue fracture surface is very similar to the ductile material like the Al alloy. The 
crack could propagate along the interface between the matrix and the second-phase since 
the interface is the weakest site. It is also possible that the crack will cut though the 
second phase since the second phase is softer than the matrix [54]. Further studies are 
needed to investigate whether it is because that the size of the second phase is too large 
so that the cracks propagate easier in the composite than that in monolithic BMGs and 
whether the fatigue lifetime will increase by a finer second phase. 
Since in LM001 and LM002 samples, casting defects, such as porosities and 
oxide inclusions, exist, cracks originated from porosities and/or oxide inclusions easily 
due to the stress concentration. The fatigue properties will be degraded severely. Hence, 
it is critically important to avoid casting defects during the fabrication of BMGs. The 
presence of the second phase improved the ductility and toughness of BMGs [54]. 
However, it results in the decrease of the fatigue lifetime in the current study. Because 
the strength of the second phase is lower than amorphous matrix phase [54], if the second 
phase is too large, the crack propagates faster in the second phase than in the matrix 
phase. 
 
4.1.4. Four-Point-Bend Fatigue Testing in Air on Partially Crystallized BMGs 
4.1.4.1. Experimental Results 
Figure 64 presents the results of the standard X-Ray diffraction, which show a 
broad diffraction peak corresponding to an amorphous structure, and some peaks of 
crystalline phases can also be found. These trends could indicate that Zr50Cu40Al10, 
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Zr50Cu30Al10Ni10, and Zr50Cu37Al10Pd3 specimens have an amorphous structure with 
partial crystallization.  
The compressive test results were summarized in Table 5. Note that the 
maximum stress and the plastic strain are the average values of 3-4 compression samples. 
The deformation behavior of the partially-crystallized Zr50Cu30Al10Ni10 BMG is 
characteristic of a larger plastic deformation, 0.63%, slight work hardening and distinct 
serrated flow during the plastic deformation. The partially-crystallized Zr50Cu30Al10Ni10 
BMG also exhibits a higher fracture stress of 1,907 MPa. The partially-crystallized 
Zr50Cu40Al10 and Zr50Cu37Al10Pd3 BMGs show a smaller plastic deformation (< 0.2%) 
and lower fracture stress (1,859 and 1,868 MPa, respectively) than the partially-
crystallized Zr50Cu30Al10Ni10 BMG. 
Figure 65 presents the four-point-bend fatigue results for the partially-
crystallized Zr50Cu40Al10, Zr50Cu30Al10Ni10, and Zr50Cu37Al10Pd3 samples tested in air 
with R = 0.1 and a frequency of 10 Hz. The fatigue-endurance limits (σe), based on the 
applied stress range, for the partially-crystallized Zr50Cu40Al10, Zr50Cu30Al10Ni10, and 
Zr50Cu37Al10Pd3 samples were approximately 144 MPa, 194 MPa, and 109 MPa, 
respectively. The partially-crystallized Zr50Cu40Al10, Zr50Cu30Al10Ni10, and 
Zr50Cu37Al10Pd3 BMGs reveal the similar lifetime trend over the fatigue-endurance limit. 
The fatigue ratios (σe divided by the compressive strength) for these BMGs were 0.077, 
0.102, and 0.058, based on the compression strengths of 1,859 MPa, 1,907 MPa, and 
1,868 MPa, respectively. The fatigue-endurance limit and fatigue-ratio data are also listed 




Fractured specimens were examined by SEM to understand the deformation 
mechanisms of these BMGs. Figure 66 is a side view of the Zr50Cu30Al10Ni10 sample 
fractured under the compression test. It is readily observed that samples fracture along a 
single plane, indicating one major shear band dominates the final fracture, as shown in 
Figure 66(a). Figure 66(b) shows that few secondary shear bands were also found on the 
side surface near the fracture surface. The compression sample was sheared off at 
approximate 40.0° with respect to the loading axis for the three materials. A top view of 
the fracture surface of the Zr50Cu30Al10Ni10 specimen is shown in Figure 67. The fracture 
surface is relatively flat on a macroscopic scale and displays a typical shear-fracture 
feature. Further observations demonstrate that a smooth mirror-like shear plane appears at 
the beginning of the fracture surface [Figure 67(a)] and the typical feature on the fracture 
surfaces is a vein-like structure [Figure 67(b) and Figure 67(c)]. This vein-like structure 
often spreads over most of the fracture surface and extends along a uniform direction. 
The uniform arrangement of the veins exactly corresponds to the propagation direction of 
the single shear band. However, it is found that some facture surfaces result from one 
mirror-like shear plane, as shown in Figure 67(a). A slip region at the end of the final 
fracture with free of veins is also observed [Figure 67(c)]. 
The whole fracture surface after the four-point-bend fatigue experiment is 
similar to that of the sample under tension-tension cyclic loading, which comprises four 
main regions: the fatigue-crack initiation, crack propagation, fast fracture, and apparent 
melting areas [117]. Figure 68 shows the fatigue-fracture surfaces of the Zr50Cu40Al10 
specimen. The fracture surface is basically parallel to the loading direction. The crack-
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initiation site on the tensile-stress side of the surface was found [Figure 68(a)], and a 
fatigue crack originates and propagates towards the inside of the specimen. There is a 
distinct boundary between the crack-propagation and fast fracture regions [Figure 68(b)], 
which reveals that the fatigue and tensile fractures are probably controlled by different 
fracture mechanisms. The propagation region exhibits a striation-type fracture [Figure 
68(c)]. The final fast fracture region was very rough and occupied most of the fracture 
surface [Figure 68(a)]. Moreover, the fast fracture region showed a dimple-type 
morphology and was similar to the tensile facture surface [Figure 68(d)]. Besides the 
three regions above, the melting region could be observed, which was close to the outer 
surface [Figure 68(a)]. The distinct melting mark, droplet, and vein pattern can be 
observed in the apparent melting region [Figure 68(e)]. Along the propagation path of the 
fatigue crack, however, there is no vein-like structure. This trend demonstrates that the 
melting phenomenon of BMGs did not occur at the tip of the fatigue crack during the 
crack-propagation stage. It means that the released elastic energy due to crack 
propagation is too low to melt the metallic glass locally. However, in the melting region, 
the vein-like structure and droplets appeared. This phenomenon indicates that most of the 
elastic and plastic energies were released, and the temperature increased quickly at the 
moment of the fracture so that a part of the BMG sample was melted, which resulted in 
the vein-like structure and droplets. 
 
4.1.4.3. Discussions 
The partially-crystallized Zr50Cu40Al10, Zr50Cu30Al10Ni10, and Zr50Cu37Al10Pd3 
showed a high compressive strength and low plastic strain, as listed in Table 5. When 
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Leonhard et al. [138] studied as-cast partially-crystallized Zr55Cu30Al10Ni5 BMGs, they 
found that the compressive strength is almost the same as the fully amorphous 
Zr55Cu30Al10Ni5 BMGs, but the plastic strain decreased significantly. They thought that 
partially crystallized samples containing crystalline precipitates are extremely brittle, and 
the crystallites are ‘weak spots’. Consequently, the stress intensity in the amorphous 
region between two damaged crystallites increases considerably and a rapid crack 
propagation takes place [138]. The inclination angle with respect to the loading axis in 
the current study, approximate 40°, also agrees with those observed during the 
compression of Zr-based BMGs, which is usually between 40° and 43° [102]. There are 
only a few shear bands on the side surface of compressive samples, except the primary 
shear band that results in the shear fracture surface. A possible reason is that the strain 
rates in the present compression experiments are very low (10-4 /s). If the shear-band 
formation and propagation are the dominant deformation mechanism, there is enough 
time for one or two main shear bands to form and accommodate the deformation through 
the production of main and secondary shear bands in a very small volume near the 
fracture surface at relatively low strain rates. However, at high strain rates, additional 
shear bands must be formed to accommodate the large amounts of strains imparted to the 
sample in a much smaller time frame. Thus, multiple shear banding can be observed on 
the surface of BMG samples. The present result is consistent with other authors’ findings 
[32, 102].  
The mirror-like shear plane was observed at the beginning of the compressive 
fracture surface, as shown in Figure 67. This shear plane was never found while the fully 
amorphous alloys were studied. A possible explanation could be related to the kinetics of 
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the shear-band propagation in these partially crystallized alloys. Shear bands initiate from 
the corner of the beam sample. Shear bands propagate to the inside of the sample along 
the outer surface. These partially crystallized alloys contain many clusters of particles 
and these particles are usually the brittle crystalline intermetallic phases. When the shear 
bands propagate through these clusters of particles, in order to accommodate the 
deformation from the propagation of shear bands, the mirror-like shear plane (as seen in 
Figure 67) will form because the crystalline phase could be more brittle than the BMG 
matrix. It looks like a cleavage fracture feature of brittle materials. Regarding this 
phenomenon, further investigation needs to be performed. 
Figure 69 compares (1) the compression strengths of partially crystallized 
BMGs with the tensile strengths of fully-amorphous BMGs and (2) the four-point-bend 
fatigue-endurance limits of partially crystallized BMGs with the tension-tension fatigue-
endurance limits of fully amorphous BMGs [42, 119]. The compression strengths of 
partially crystallized BMGs are almost the same as the tensile strengths of fully-
amorphous BMGs. However, the four-point-bend fatigue-endurance limits of partially 
crystallized BMGs are much lower than the tension-tension fatigue-endurance limit of 
fully amorphous BMGs. For fully amorphous alloys, the difference in the fracture 
strength between compression and tension seems to be negligible [103]. This trend 
suggested that the partial crystallization of BMGs has little influence on the compression 
strengths.  
In order to compare the fatigue behavior of the partially-crystallized and fully-
amorphous BMGs in detail, Figure 70(a) plotted the four-point-bend S-N data and the 
tension-tension S-N data of Zr50Cu40Al10, Zr50Cu30Al10Ni10, and Zr50Cu37Al10Pd3 BMGs 
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together. Then why is the difference of the fatigue-endurance limit between partially 
crystallized BMGs and fully-amorphous BMGs so large? This trend could be ascribed to 
two reasons: (1) test style; (2) partial crystallization. However, fatigue tests under cyclic 
tension and cyclic bending are not that much different [139]. In both cases, the critical 
stress of an unnotched specimen is cyclic tension on the surface layer of the material. The 
stress gradient perpendicular to the material surface is different for tension and bending, 
but the more important stress gradients occur along the material surface [139]. Peter 
[140] performed tension-tension and four-point-bend fatigue experiments on 
Zr52.5Cu17.9Al10Ni14.6Ti5 (BMG-11) in our lab. There is no distinct difference between the 
two sets of results, as shown in Figure 70(b) [140]. In addition, tension-tension fatigue 
experiments in the current research were conducted on a LM002 BMG composite, which 
has the same composition as that used by Flores et al. [38] who employed beam samples 
to conduct four-point-bending fatigue experiments. Note that our results of the BMG 
composite are consistent with those developed by Flores et al., though they performed the 
four-point-bend fatigue experiments on the rectangular BMG composite beams at a 
frequency of 25 Hz, while our experiments were performed on round, tapered samples in 
uniaxial tension at a frequency of 10 Hz. Moreover, the four-point-bend and tension-
tension results of BMG composites are also included in Figure 70(b). Thus, it can be 
assumed that the test style has a negligible influence the fatigue behavior of BMGs. 
Therefore, the partial crystallization could have significant influence on the fatigue 
behavior of BMGs. It is very clear that the fatigue behaviors of the fully amorphous 
alloys are much better than those of the partially crystallized BMGs. It seems that the 
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fatigue behaviors of the partially crystallized BMGs is comparable to those of BMGs 
composites [Figure 70(a) and Figure 70(b)]. 
The fatigue behavior of materials is affected by several factors. Any processing 
that changes the static mechanical properties or microstructure is also likely to affect the 
fatigue behavior. On the fatigue fracture surface, Figure 71(a) shows a honeycomb-like 
feature that was found near Region 1 in Figure 68(a). This phenomenon was also 
observed by He et al. on the compression fracture surface of a Zr57Ti4.75Cu14.25Ni9.5Al9.5-
Ta5 BMG composite, which contains about 70-80 vol. % crystalline particles (about 1-2 
µm in size) [30]. In addition, some clusters of crystalline phases were found in the 
fatigue-crack-growth region. Figure 71(b) exhibits the fracture morphology of Region 2 
in Figure 68(b) at high magnification. The fatigue test is very sensitive to casting defects, 
such as porosities and inclusions. The nature of the crystalline phases is different from 
the BMG matrix [138]. These phases could be the initiation sites of fatigue cracks and 
accelerated the propagation of the fatigue crack during the crack growth. This trend could 
result in poor fatigue behavior of partially crystallized BMGs. 
It could be usually observed that shear bands initiated from the corner of the 
tensile stress surface and side surface during four-point-bend experiments of BMGs [34-
35]. Figure 72 shows shear bands, which originated from the corner of the four-point-
bend beam sample. This trend is due to: (1) there are more free volumes or defects near 
the corner since the corner has more free surfaces and (2) machining and polishing could 
also damage the corner. However, one interesting thing was observed: The crack doesn’t 
originate from the corner instead from the tensile stress surface, and the crack initiate 
from one mirror like shear plane which is very flat [Figure 68(b)]. During four-point-
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bend fatigue tests, the mirror-like shear plane will be the initiation site of a crack due to 
the stress concentration around the mirror-like shear plane on or near the tensile surface. 
This trend could result in the formation of a crack with ease. Therefore, the fatigue 
behavior of these partially-crystallized alloys could be worse than that of fully-
amorphous alloys. Menzel and Dauskardt [40] found this kind of mirror-like region near 
the crack initiation sites when they performed four-point-bend experiments on a Zr-based 
BMG. However, the size of the shear plane in the current research is much larger than 
that of the mirror-like region in Menzel and Dauskardt’s research. 
The above findings encourage further investigations of the influence of the 
volume fraction, shape, and size of crystalline phases in the amorphous matrix on the 
mechanical properties, especially the fatigue behavior. Though many BMG matrix 
composites have improved toughness, and tensile and compressive strains to failure [52-
54], the fatigue behavior of the LM002 BMG composite with a dendritic Zr-Ti-Nb (β) 
phase in the current research revealed that the fatigue life of the BMG composite is much 
lower than that of the Zr41.2Cu12.5Ni10Ti13.8Be22.5 BMGs. In addition, Gilbert et al. [35] 
found that thermal exposure which resulted in partial or full crystallization led to a 
dramatic reduction in the fracture toughness of Zr41.2Cu12.5Ni10Ti13.8Be22.5. However, no 
specific mechanisms are known for fracture in the semicrystalline microstructures, 
although the severe embrittlement observed upon full crystallization resulted in the 
ultimately low fracture toughness. Further work need to be continued regarding the 
effects of the crystalline phase in BMGs on the fatigue behavior. 
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4.1.5. Three- and Four-Point-Bend Fatigue Testing in Air on BMGs 
4.1.5.1. Experimental Results 
The goal of this study is to investigate the effect of the loading mode and testing 
volume on the fatigue behavior of BMGs. Three- and four-point-bend fatigue 
experiments are still under way to conduct on the Zr50Cu40Al10, Zr50Cu30Al10Ni10, and 
Zr50Cu37Al10Pd3 BMGs. The limited data will be presented and discussed in this section. 
Figure 73 exhibited the three- and four-point-bend fatigue results for the 
Zr50Cu40Al10 and Zr50Cu30Al10Ni10 samples tested in air with R = 0.1 and a frequency of 
10 Hz. The three-point-bend fatigue-endurance limits (σe), based on the applied stress 
range, for the Zr50Cu40Al10 and Zr50Cu30Al10Ni10 samples were approximately 540 MPa 
and 870 MPa, respectively. The four-point-bend fatigue-endurance limits (σe), based on 
the applied stress range, for the Zr50Cu40Al10 and Zr50Cu30Al10Ni10 samples were 
approximately 542 MPa and 635 MPa, respectively. The Zr50Cu40Al10 and 
Zr50Cu30Al10Ni10 BMGs reveal the similar lifetime trend over the fatigue-endurance limit. 
However, Zr50Cu30Al10Ni10 BMG always shows a larger fatigue-endurance limit than 
Zr50Cu40Al10 BMG regardless of the loading mode. For Zr50Cu30Al10Ni10, the three-point-
bend fatigue exhibits longer lifetimes than the four-point-bend fatigue does. The 
Zr50Cu40Al10 BMG shows a similar trend. Nevertheless, the three-point-bend fatigue 
results of Zr50Cu40Al10 are very scattering, and the three-point-bend fatigue demonstrates 
the same fatigue-endurance limit as the four-point-bend fatigue. The fatigue ratios (σe 
divided by the ultimate tensile strength) for these BMGs under the three-point-bend 
loading were 0.30 and 0.46, based on the ultimate tensile strengths of 1,821 and 1,900 
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MPa, respectively. Similarly, the fatigue ratios (σe divided by the ultimate tensile 
strength) for these BMGs under the four-point-bend loading were 0.30 and 0.33, based on 
the ultimate tensile strengths of 1,821 and 1,900 MPa, respectively. 
 
4.1.5.2. Fractography 
Similarly, the whole fracture surface of BMGs after the three and four-point-
bend fatigue experiment exhibits the fatigue-crack initiation, crack propagation, fast 
fracture, and apparent melting regions. Figure 74 shows the fatigue-fracture surfaces of 
the Zr50Cu30Al10Ni10 specimen under the three-point-bend loading. The fracture surface is 
basically parallel to the loading direction. It was found that the crack initiated from the 
corner of the tensile-stress side [Figure 74(a)], and the fatigue crack propagates towards 
the inside of the specimen. There is a distinct boundary between the crack-propagation 
and fast fracture regions [Figure 74(a)], which reveals that the fatigue and tensile 
fractures are probably controlled by different fracture mechanisms. The propagation 
region exhibits a striation-type fracture [Figure 74(b)]. The final fast fracture region was 
very rough and occupied most of the fracture surface [Figure 74(a)]. Moreover, the fast 
fracture region showed a dimple-type morphology and was similar to the tensile facture 
surface [Figure 74(c)]. Besides the three regions above, the melting region could be 
observed, which was close to the outer surface [Figure 74(a)]. The distinct melting mark, 
droplet, and vein pattern can be observed in the apparent melting region [Figure 74(d)]. 
Along the propagation path of the fatigue crack, however, there is no vein-like structure. 
This trend demonstrates that the melting phenomenon of BMGs did not occur at the tip of 
the fatigue crack during the crack-propagation stage. It means that the released elastic 
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energy due to crack propagation is too low to melt the metallic glass locally. However, in 
the melting region, the vein-like structure and droplets appeared. This phenomenon 
indicates that most of the elastic and plastic energies were released, and the temperature 
increased quickly at the moment of the fracture so that a part of the BMG sample was 
melted, which resulted in the vein-like structure and droplets. 
 
4.1.5.3. Discussions 
In Figure 73, tension-tension fatigue results are also plotted to compare with the 
three- and four-point-bend fatigue results of the Zr50Cu40Al10 and Zr50Cu30Al10Ni10 
BMGs. It was found that the fatigue-endurance limit of Zr50Cu30Al10Ni10 under the 
tension-tension loading was the same as that under the three-point-bend loading and 
higher than that under the four-point-bend loading. However, the fatigue-endurance limit 
of Zr50Cu40Al10 under the tension-tension loading was much higher than those under the 
three- and four-point-bend loading. 
Fatigue experiments under cyclic tension and cyclic bending are not that much 
different. In both cases, the critical stress of an unnotched specimen is in the cyclic 
tension in the surface layer of the material. The stress gradient perpendicular to the 
material surface is different for tension and bending, but the more important stress 
gradients occur along the material surface. However, the fatigue behavior of BMGs 
seems to be very sensitive to the defects. The test volumes under the four-point-bending 
condition, three-point bending, and tension-tension loading are greatly different. The test 
volume under the four-point-bending condition is greater than those in the notched-
tension sample and under the three-point-bending condition. The greater the test volume 
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in the four-point-bending specimen could contain more defects, stress raisers, and free 
volumes, which will enhance the possibilities for shear-band formation, crack initiation, 
and, therefore, decrease the fatigue-endurance limit, relative to the extremely limited test 
volume in the notched-tension specimen and under the three-point-bending condition. 
Therefore, it is likely that the greater the test volume is, the smaller the fatigue-endurance 
limit is for BMGs. Freels et al. [141] studied the fatigue behavior on Cu-based BMGs 
under three- and four-point bend loading. They found that the fatigue lifetime under 
three-point bend loading was higher than that under four-point-bend loading. 
Zr50Cu30Al10Ni10 in the current study demonstrated the similar results. Nevertheless, 
Zr50Cu40Al10 BMG exhibits a different trend. After the bending-fatigue tests, the fracture 
surface was observed and analyzed. As a result, partial crystallization was found in some 
Zr50Cu40Al10 fatigue samples (Figure 75) and the clusters of crystalline particles in Figure 
75(b) were the same as those in Figure 71(b) that were found in the fatigue-crack-growth 
region of the partially-crystallized BMGs. However, this phenomenon was not found in 
Zr50Cu30Al10Ni10 fatigue samples. The partial crystallization could have a great effect on 
the fatigue lives as discussed in Subsection 4.1.4. In the current study, the clusters of 
crystalline particles was found on the facture surface at σmax = 699 MPa for Zr50Cu40Al10 
under the three-point-bend loading. However, no cluster of crystalline particles existed on 
the facture surface at σmax = 799 MPa for Zr50Cu40Al10 under the three-point-bend 
loading. Thus, the fatigue lifetime at σmax = 699 MPa for Zr50Cu40Al10 under the three-
point-bend loading is shorter than that at σmax = 799 MPa, although the applied stress, 
699 MPa, is lower than 799 MPa. This trend could be the reason why the fatigue data for 
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Zr50Cu40Al10 under the three-point-bend loading was scattering. Also, this characteristic 
could cause that there is no difference of the fatigue-endurance limits between the three-
point-bend loading and the four-point-bend loading for Zr50Cu40Al10 BMGs. More fatigue 
experiments need to be continued regarding the effects of the loading mode and the test 
geometry on the fatigue behavior of BMGs. 
 
4.2. Thermography 
During tension-tension fatigue testing, an IR-camera system was employed to 
monitor the fatigue fracture at higher stress levels (σmax ≥ 1,200 MPa). Sparking 
phenomena were found when the Zr50Cu30Al10Ni10 specimen was cyclically loaded in air. 
However, the same phenomena were not found with the Zr50Cu40Al10, Zr50Cu37Al10Pd3, 
LM001, and LM002 specimens in air. The photo in Figure 76(a) shows the moment of the 
fatigue fracture of the Zr50Cu30Al10Ni10 specimen in air. The sparking phenomena were 
clearly observed. However, no sparking phenomenon occurred when testing was 
performed in vacuum [Figure 76(b)]. Though the sparking phenomena were not detected 
for Zr50Cu40Al10, Zr50Cu37Al10Pd3, LM001, and LM002, the fracture section was very 
bright at the moment of the specimen fracture [Figure 76(c)], which meant that the 
temperature of the fracture section was very high at that time. Only one frame could be 
caught, which show the sparking phenomenon or bright fracture section. Even though the 
IR camera was employed at a speed of 300 Hz, which means that the final fracture event 
occurs within 3.33 millisecond (the time interval between two frames), the fracture 
moment is very short and the fracture time is beyond the limit of the IR Camera so that 
enough data cannot be obtained to estimate the temperature. The sparking phenomenon 
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observed at the moment of the fracture in air is attributable to the flying away of “hot” 
oxide particles [82, 142]. When Liu et al. conducted tensile testing on Zr-based BMGs, 
some oxide particles were observed at the edge of the fracture surfaces [82]. Thus, no 
sparking phenomenon in vacuum was detected because of the lack of oxygen. 
Considering that all of the elastic and plastic energy of the BMG specimen was released 
in the final moment, the specimen temperature could instantly increase to more than 900 
°C when the BMGs samples fractured [82], which will melt the BMG material. At the 
same time, Zr could be oxidized:  
Zr + O2 → ZrO2    
∆H (ZrO2) = - 1,100 KJ/mol 
The energy generated from the oxidation-reaction process of Zr to ZrO2 further 
raises the temperature on the fracture surface, which results in the light emission [143]. 
Thus, the light emission is not occurring in vacuum because of the lack of the 
oxidization-reaction process [Figure 76(b)]. As another evidence of the instant melting 
phenomenon at the fracture moment, the solidified droplet-like structure has been 
observed on the fracture surface of the specimen under SEM, as shown in Figure 46(e), 
which will be discussed in detail later.  
 
4.3. Fatigue-Initiation Mechanisms 
Fatigue-damage mechanisms of crystalline materials have been well studied and 
understood. Many theories, such as the sliding-off mechanism of the crack-extension 
process proposed by Laird and Smith [144], can be used. In general, slip bands (SBs), 
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twinning, deformation bands (DBs), and grain boundaries (GBs) are the preferential sites 
for the nucleation of fatigue cracks in crystalline alloys. However, since BMGs are 
amorphous, they have no crystal defects, such as twinning, grain boundaries, and 
dislocations. The fatigue-crack initiation and growth mechanisms of BMGs could be 
different from those of the crystalline materials. The basic fatigue-damage mechanism of 
BMGs is not well understood yet. Nevertheless, the deformation mechanism of metallic 
glasses is usually attributed to the presence of shear bands and plastic flows [40, 133, 
145-148]. 
During fatigue experiments, when the sample is under tension-tension loading, 
because there are a large number of free volumes inside BMGs, small shear bands will 
form at some local sites due to the movement of free volumes under the work of the 
resolved normal stress and shear stress. Donovan and Stobbs [145] suggest that the edges 
of the deformation bands show greater atomic spacings, and voids appear to be formed 
close to the surface of BMGs. The viscosity in the shear bands could decrease due to the 
increase in the free volume under cyclic loading.  
Cameron and Dauskardt [149] used a four-component amorphous Lennard-
Jones solid with atoms of several different types to simulate the amorphous metals. They 
found that free volumes were increased and localized under cyclic loading in both shear 
and tension. Hess, Menzel, and Dauskardt [39] suggested that the models based on the 
accumulation of free volumes predicted by the simulation results could agree well with 
the experimental data.  
Thus, during cyclic tension-tension loading, the gradual weakening, dilation, 
tearing, and the final opening of the shear band will result in the formation of a fatigue 
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crack. Therefore, the nucleation of fatigue cracks can be attributed to the weak nature 
within shear bands. Moreover, the stress concentration at the shear-off steps could 
contribute to the formation of fatigue microcracks [116]. Figure 77 shows shear bands, 
shear-off steps, and microcracks on the specimen outer surface near the fracture surface 
of the Zr50Cu30Al10Ni10 specimen tested at σmax = 1,133 MPa. In Figure 77(a), the 
presence of shear bands, shear-off steps, and microcracks was observed. Microcracks 
generally initiated in shear-off steps, and shear-off steps or shear bands are almost 
parallel to each other. Figure 77(b) is a higher magnification image of the “A” region in 
Figure 77(a). It is very clear that shear-off steps are formed from shear bands. Then, 
microcracks initiate from the shear-off steps. Based on the observations in Figure 77, 
Figure 78 presents a proposed fatigue-crack-initiation mechanism. It is suggested that 
during cyclic loading, some shear bands produced on the outer surface of the amorphous 
structure [Figure 78(a)], and this deformation feature is quite different from the slip bands 
in crystalline materials, which have a distinct crystallographic plane. With further cyclic 
deformation, some of the shear bands result in the formation of shear-off steps [Figure 
78(b)]. The nucleation of fatigue cracks could be associated with the shear-off steps due 
to the weakness of the shear bands and shear-off steps. The local heat generated near the 
shear bands and shear-off steps resulting from the deformation and the release of the 
elastic energy under cyclic loading could further weaken the shear bands and shear-off 
steps. Thus, the shear bands and shear-off steps become very weak, and, subsequently, 
the band opened up and developed into a fatigue microcrack under the cyclic loading 
[Figure 78(c)]. 
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For the BMGs that have distinct casting defects, the cracks could initiate from 
these defects easily because of the stress concentration at these sites [118]. Figure 79 
shows the fractography of the crack-initiation sites of LM001 and Zr50Cu37Al10Pd3. The 
crack could be found to initiate from casting defects, such as porosities or oxide 
inclusions, in LM001 or clusters of particles in Zr50Cu37Al10Pd3. The fatigue behavior is 
sensitive to structural defects. The good-quality samples could improve the fatigue 
behavior of materials. In addition, the crystallinity inside BMGs, as discussed in 
Subsection 4.1.4, and the surface flaws resulting from machining or polishing processes 
[140] could be crack-initiation sites. 
 
4.4. Fatigue Striations and Crack Propagation 
In general, the plastic deformation of BMGs is localized in the narrow shear 
bands, followed by the rapid propagation of these shear bands and sudden fracture. Under 
tensile loading, the tensile fracture angle between the tensile axis and the shear plane is in 
general larger than 45° [85, 103, 104]. The critical shear stress on the fracture plane will 
decrease because of the increase of the resolved normal stress. When the resolved shear 
stress is greater than the critical shear stress, the sample will fracture [104]. However, 
under tension-tension fatigue testing, the fracture surface is basically perpendicular to the 
loading direction. Since there is a large difference between the fatigue and tensile 
fractures, in order to understand the fatigue behavior, the surface analysis in the crack-
growth region was conducted to obtain the relationship between the striation spacing and 
stress-intensity-factor range (∆K) and to study the fatigue mechanism.  
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Nisitani and Chen [150] have estimated ∆K, from the morphology of the 
fatigue-fractured surface, as shown in Figure 80, using the following equation. 
∆K = σ aπ F(λ)    (31) 
where σ is the nominal applied stress of fatigue testing, a is the depth of the fatigue-crack 
tip, and F is the boundary-correction factor and defined as follows: 
F(λ) = 0.66 - 0.02398λ + 1.664λ2   (32) 
Here, λ = a/D, and a and D denote the crack-tip depth and specimen diameter, 
respectively, in Figure 80.  
The striation spacings (s) were measured at the different crack-tip depths by 
SEM and by averaging the width of about 5 striations, and the corresponding ∆Ks were 
calculated using Equation 31. The results of Zr50Cu40Al10, Zr50Cu30Al10Ni10, and 
Zr50Cu37Al10Pd3 were exhibited in Figure 81(a), Figure 81(b), and Figure 81(c), 
respectively. The fatigue-crack striation spacing can be normalized by ∆K regardless of 
the applied stress levels for each BMG. Moreover, the striation spacing generally 
increased with increasing ∆K. The fatigue-crack-propagation behavior of BMGs seemed 
to be controlled by ∆K.  
Figure 82 shows the striation results of three BMGs and crystalline alloys 
together. Zr50Cu37Al10Pd3 has smaller striation spacings than the other two BMGs, which 
could indicate the slower crack-growth rate and a higher fatigue-endurance limit. For 
metallic crystalline alloys, Bates and Clark [151] provided an empirical correlation 
(Equation 33) between the striation spacing and ∆K/E, where E is Young’s modulus. For 
the current BMGs, Equation 34 was obtained by fitting the current data. The exponent in 
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Equation 34 for BMGs is less than 2, while that of the crystalline alloys is generally equal 














K        (34) 
where s is the striation spacing in the unit of m, and E is the modulus of elasticity in Pa.  
In Figure 82, at a given value of 
E
K∆ , the striation spacing in BMGs is 
generally greater than that in crystalline materials. However, the fine striation spacings of 
Zr-based BMGs seem to have the same magnitude as those of crystalline materials. The 
striation close to the crack-initiation site is too fine to measure the spacing very 
accurately. In order to measure the fine striation spacing, the striations near the boundary 
between the crack-growth region and the fast fracture region were chosen to measure the 
fine striation spacing. Figure 83 shows the fine striation at higher magnification. The 
striation formation in crystalline alloys is associated with the irreversible crack-tip shear 
that alternately blunts and resharpens the crack during the fatigue loading. The fatigue-
crack-growth behavior in BMGs has been proposed to be due to the blunting and 
resharpening of the crack tip [33-35]. The formation of the striation results from the 
blunting and resharpening of the fatigue crack tip [33-35]. Thus, the fatigue-crack-growth 
mechanism in BMGs is generally related to the blunting and resharpening of the crack 
tip. Some research found that the striation spacing was often larger than the crack-growth 
rate [35, 39]. A closer examination of the fatigue-crack-growth region shows that 
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striations do not extend by the same width [Figure 46(b)]. This trend means that the entire 
crack front does not propagate consistently with one loading cycle. This inconsistentness 
could be associated with the nonuniform crack extension along the crack front [35]. The 
larger striation spacing than the crack-propagation rate suggests that an accumulation of 
damage at the crack tip is necessary prior to the crack advancement in BMGs [39].  
One fractured sample was cut through the crack-propagation region, and the 
cross section of the crack-growth region was studied. The SEM observation of the cross 
section showed that each striation had a shear plane with an angle to the crack-
propagation direction, which is about 10°-20° (Figure 84). According to the observation 
of the fracture surface by SEM, a fatigue crack-propagation mechanism was proposed to 
explain crack propagation (Figure 85). During the course of cyclic deformation of BMGs, 
several shear bands may be present near the fatigue-crack tip. However, the cyclic stress 
might be only favorable for the propagation of a fatigue crack along parts of shear bands, 
which have some advantageous direction, especially the shear bands very close the crack 
tip because of the stress concentration produced at the crack tip, as illustrated in Figure 
85(a). Under cyclic tension-tension loading, when loading increases gradually, the 
microcracks form along shear bands [Figure 85(b)], and propagates fast [Figure 85(c)]. 
When loading decreases gradually, the microcrack propagates slowly. Because the elastic 
and plastic deformation probably form near the new crack tip, the crack propagation 
becomes very difficult. When loading increases gradually again, new microcracks form 
along new shear bands. The crack propagates along a new direction [Figure 85(d-f)].  
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4.5. Apparent Fracture Toughness 
Using Equation 31 and Equation 32, and measuring the critical final crack 
length the apparent toughness can be determined as a function of the applied stress for 
each BMG. Figure 86 shows the results of the apparent fracture toughness versus the 
maximum stress of three BMGs. The apparent fracture toughness of the three BMGs was 
found to be between 20 and 70 MPa.m1/2, which is consistent with the measured fracture 
toughness of other BMGs [33, 35, 153]. In addition, the apparent fracture toughness of 
the three BMGs generally increases with increasing the maximum stress. This trend could 
result from the larger plastic zone at the crack tip with increasing the maximum stress. 
Both Zr50Cu40Al10 and Zr50Cu30Al10Ni10 reveal the same increasing facture-toughness 
trend with increasing the maximum stress. However, Zr50Cu37Al10Pd3 has a greater data 
scatter than the other two BMGs. Zr50Cu40Al10 shows a larger apparent fracture toughness 
than the other two BMGs, though Zr50Cu40Al10 has a lower fatigue-endurance limit 
compared to Zr50Cu30Al10Ni10 and Zr50Cu37Al10Pd3. Zr50Cu37Al10Pd3 seems to have a 
greater toughness than Zr50Cu40Al10. Thus, the ranking of the fatigue-endurance limits of 
the three BMGs (Figure 45) are different from that of the fracture-toughness behavior 
(Figure 86), since the fatigue and fracture-toughness mechanisms could be different for 
BMGs. 
 
4.6. Final Fracture 
The fast fracture surface [Figure 46(d), Figure 60(e), Figure 68(d), and Figure 
74(c)] shows a clear vein-like structure, which is identical to the features of the tensile 
fracture surfaces for most of BMGs [117]. In the melting region, the vein-like structure 
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and droplets appear [Figure 31(e) and Figure 46(e)], which suggests that most of the 
elastic and plastic energy was released to melt the metallic glass at the moment of the 
final fracture, which is consistent with the thermography results. The sparking moment 
[Figure 76(a)] during the fracture of Zr50Cu30Al10Ni10 has been captured in air. The notch 
section at the moment of the fracture of other BMGs is very bright in Figure 76(b) and 
Figure 76(c). These phenomena indicate that the temperature is very high during the 
fracture of BMGs. No vein-like structure, induced by the liquid drops, was found during 
the crack-propagation process. This trend demonstrates that the melting phenomenon of 
BMGs did not occur at the tip of the fatigue crack during the crack-propagation stage. In 
fact, it means that the released elastic energy due to crack propagation is too low to melt 
the metallic glass locally. This result is consistent with observations reported in 
references [35, 42, 154]. The final fracture surface shows a clear vein-like structure, 
which indicates that the local viscosity changed since the temperature is very high at the 
moment of fracture. 
The crack could form from shear bands, casting defects, and clusters of 
particles. The shear bands could form due to the movement of free volumes, and the 
formation and propagation of shear bands are important for the beginning stage of the 
fatigue-damage process. It is critically important to further study and theoretically model 
the fatigue-fracture mechanisms in BMGs. Moreover, the elimination of casting defects 
and the means to retard shear-band initiation and shear-off step formation could be 
effective in increasing the fatigue resistance of BMGs. 
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4.7. Fatigue-Endurance Limit and Poisson’s Ratio 
Based on the current results, it seems that the chemical compositions of Zr-
based BMGs can affect the fatigue lives and endurance limits. In fact, Lewandowski, 
Wang, and Greer [123] and Schroers and Johnson [124] found that there is a distinct 
relationship between the fracture energy (or ductility) and the elastic modulus ratio, shear 
modulus/bulk modulus (µ/B). The fracture energy decreases with increasing µ/B (or 
decreasing Poisson’s ratio). When µ/B is greater than 0.41-0.43, metallic glasses are 
generally brittle. Thus, the brittleness in metallic glasses can be improved by alloying 
with low µ/B elements as constituents.  
A relationship between the fatigue-endurance limit/tensile strength (σe/σTS) and 
µ/B or Poisson’s ratio, ν, was attempted (Figure 87), which includes the results of Zr-
based and Fe-based BMGs. There is a possible relationship between the fatigue-
endurance limit/tensile strength and µ/B or ν, which shows that the fatigue-endurance 
limit/tensile strength is higher when µ/B is lower or ν is higher, recognizing that more 
fatigue results are needed to clearly define the relationship between the fatigue-endurance 
limit/tensile strength and µ/B or ν. The following Equations 35 and 36 could be obtained 
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Schroers and Johnson [124] found that the small µ/B causes the tip of a shear band to 
extend rather than initiate a crack because the low shear modulus allows for the shear 
collapse before the extensional instability of the crack formation can occur. Thus, a large 
Poisson’s ratio might be the indicator of the ductile character of a BMG. In general, a 
large Poisson’s ratio has a low µ/B ratio (Equation 37). The BMG with a low µ/B or large 
Poisson’s ratio is ductile, and the viscosity in the shear band is low. Thus, the stress is 
dissipated quickly without causing the stress concentration [155]. Little stress 
concentration causes a higher fatigue-endurance limit. Thus, the BMG material with a 
large Poisson’s ratio or low µ/B ratio has a higher fatigue-endurance limit, as presented in 
Figure 87(a) and Figure 87(b). Above all, the reason that the fracture energy, ductility, 
and fatigue-endurance limit of BMG are related to µ/B or ν is that the mechanical 
behavior of BMGs is strongly affected by shear bands that are governed by µ/B or ν 
[123, 124]. 
 
4.8. Comparison of Fatigue Behavior in BMGs and Crystalline Materials 
Table 6 and Table 7 show the yield strengths, ultimate tensile strengths, fatigue-
endurance limits, and fatigue ratios of crystalline materials, and Zr-based, Cu-based, and 
Fe-based BMGs and composites, respectively. Note that the fatigue ratio is defined as the 
ratio of the fatigue-endurance limit, based on the stress range, to the ultimate tensile 
strength. Note that in Table 6, most fatigue-endurance limits of crystalline materials were 
obtained at R = 0.1, while some results were at R = -1. For the comparison with the 
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fatigue-endurance limits of the BMGs at R = 0.1 in Table 7, the fatigue-endurance limits 
of crystalline materials at R = -1 can be converted into those at R = 0.1 using the Smith-




−= σσ     (38) 
where σar is the stress variable, σmax is the maximum stress, and R is the load ratio. The 
following equation can be derived from Equation 38: 
)R1(2)1(a)R( −=∆ −σσ     (39) 
where ∆σ(R) is the stress range at a stress ratio of R, and σa(-1) is the stress amplitude at R 
= -1. Thus, using Equation 39, the fatigue-endurance limit at R = -1 can be converted into 
that at a given R ratio. 
In Table 6, it seems that the fatigue-endurance limit of the crystalline material 
increases with increasing the tensile strength (Figure 88). However, in Table 7, such trend 
is not so clear for BMGs, as presented in Figure 88. For example, some BMGs like Fe-
based and Cu-based BMGs show high tensile strengths, but they have relatively low 
fatigue-endurance limits (e.g., 693 MPa and 218 MPa) and ratios (e.g., 0.12 and 0.15). 
Note that the fatigue ratios for the crystalline materials are usually between 0.3 and 0.5. 
Figure 89(a) compares the fatigue behavior of BMGs and crystalline materials. 
At higher stress levels, Zr-based BMGs and composites show the comparable fatigue 
lifetimes. The fatigue experiments of Zr-based BMGs in our lab show comparable 
fatigue-endurance limits ranging from about 600 to 900 MPa [Table 7 and Figure 89(a)]. 
The LM002 BMG composite has the improved ductility and fracture toughness. Szuecs, 
Kim, and Johnson found that the impact-toughness values of the BMG composite was 
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increased by a factor of 2.5, and its average tensile strains to failure was improved by a 
factor of 2.7, compared to VITRELOY 1 (Zr41.2Cu12.5Ni10Ti13.8Be22.5) [54]. Noted that our 
results of LM002 are consistent with those developed by Flores et al. [38], though they 
conducted the four-point-bend fatigue experiments on the rectangular BMG composite 
beams at a frequency of 25 Hz, while the current tests were performed on round, tapered 
samples in uniaxial tension at a frequency of 10 Hz. Thus, it is possible that the test 
volume and frequency has little influence on the BMG composite.  
However, in Figure 89(a) and Table 7, LM001 tested in our lab, which has the 
same composition as VITRELOY 1, has about 4 to 5 times greater fatigue-endurance 
limits and fatigue ratios than VITRELOY 1 for four-point-bend testing previously studied 
by Gilbert et al. [34, 35]. The possible reason for this distinct difference could be due to 
testing procedures and BMG samples. Gilbert et al. conducted the fatigue experiments on 
rectangular beams in four-point bending at a frequency of 25 Hz, whereas, the current 
tests were performed on notched and tapered rod samples in uniaxial tension at a 
frequency of 10 Hz (Table 7). In Gilbert et al’s experiments, the test volume under the 
four-point-bending condition is greater than that in the present tested sample. The greater 
test volume in the Gilbert et al’s specimen could contain more defects, stress raisers, and 
free volumes, which will enhance the possibilities for the shear-band formation, crack 
initiation, and, therefore, decrease the fatigue-endurance limit, relative to the extremely 
limited test volume in the specimen used in the current research. Thus, it is likely that the 
greater the test volume is, the smaller the fatigue-endurance limit is for BMGs. 
Nevertheless, tension-tension and four-point-bend fatigue experiments on 
Zr52.5Cu17.9Al10Ni14.6Ti5 (BMG-11) were performed in our lab. There is no obvious 
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difference between the two sets of results [140]. The test volume could not be the main 
reason that resulted in the difference between our results and the Gilbert et al’s data. 
Based on our limited data and experience, the difference between the frequencies of 25 
Hz and 10 Hz could not give such a large difference in the fatigue-endurance limit. Note 
that the quality of the samples may also contribute to the difference in the fatigue 
behavior, since most of the materials were not manufactured at the same place and the 
same time. In the present study, there are two batches of LM001 samples (Batches 59 and 
94). Batch 59 includes less oxygen than Batch 94. Batch 59 shows less casting defects on 
the fractured surface than Batch 94. Batch 59 exhibited a better fatigue resistance than 
Batch 94. Therefore, the difference between our results and Gilbert et al’s data could 
result from the quality of the BMG samples. Liu et al. found that oxygen had the 
detrimental effect on a Zr-based BMG [157]. As discussed in Subsections 4.1.4 and 4.1.5, 
the crystallinity of BMGs also influence the fatigue lifetime of BMGs catastrophically. 
In Figure 89(a) and Table 7, Zr-based BMGs tested in our lab exhibit higher 
fatigue-endurance limits than VITRELOY 1 tested by Gilbert et al. [34, 35], and Cu-
based BMGs for bending-fatigue experiments. Moreover, the fatigue-endurance limit of 
Zr-based BMGs developed in our lab are comparable with or greater than those of the Fe-
based BMG, high-strength alloys, such as the 300 M steel and D6AC steel, and a titanium 
alloy [Figure 89(a), Table 6 and Table 7]. However, VITRELOY 1 and Cu-based BMGs 
for bending-fatigue experiments reveal low fatigue-endurance limits of approximate 150 
MPa to 350 MPa, which are comparable with those of Hastelloy C2000, the Al-Li alloy, 
Cu alloy, and Zirconium.  
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The Cu-based BMGs and composite have higher fatigue-endurance limits than 
the silicon brass and the manganese bronze. In the Cu-based BMGs and composite, the 
Cu47.5Zr38Hf9.5Al5 composite and (Cu60Zr30Ti10)99Sn1 have comparable fatigue-endurance 
limits, which are greater than that of Cu47.5Zr47.5Al5. Hence, the chemical composition 
can affect the fatigue-endurance limit in Cu-Based BMGs and composites, as found in 
Zr-based BMGs and composites. Therefore, the BMGs and composites with good fatigue 
resistances can be designed and developed, provided that the influence of the chemical 
composition on fatigue behavior can be understood. 
Figure 89(b) exhibits the comparison of the fatigue-stress range/tensile strength 
versus cycles to failure of BMGs and crystalline materials. At higher stress range/tensile 
strength ratios, Zr-based BMGs and composites show the comparable fatigue lives. The 
fatigue ratios of Zr-based BMGs tested in our lab were found to be comparable with 
those of high-strength metals and alloys, such as iron, titanium, nickel, copper, and 
aluminum alloys, and zirconium. The Zr-based BMG composites, Cu-based BMG 
composite, and Fe-based BMGs have comparable fatigue ratios. The results presented in 
Figure 89(b) and Table 7 reveal that Cu-based BMGs show lower fatigue ratios than the 
Cu-based BMG composite. This trend is different from that of the Zr-based BMGs and 




CHAPTER 5: CONCLUSIONS 
Based on the fatigue studies of Zr-based BMGs, Zr-based BMG composites, 
and partially-crystallized Zr-based BMGs, the following conclusions can be made: 
• The fatigue-endurance limit of Zr50Cu37Al10Pd3 under tension-tension loading is 
greater than those of Zr50Cu40Al10, Zr50Cu30Al10Ni10, and Zr41.2Cu12.5Ni10Ti13.8-
Be22.5. The chemical compositions of Zr-based BMGs affect fatigue lives and 
fatigue-endurance limits. 
• It is likely that the nano-structure is effective in increasing the fatigue-
endurance limit. At high stress levels (≥ 1,300 MPa), the nano-structure could 
be the crack-initiation site. However, the nano-structure could play an important 
role on retarding crack initiation and propagation behavior at lower stress levels. 
• The notched bar sample was simulated by 2D and 3D FEM models successfully 
and the stress-concentration factor at the root of notch section was determined. 
The results show that it is reasonable that the stress-concentration factor (Kt) of 
1.55 was employed in the stress-range values of the fatigue data at the notched 
specimens. 
• The fatigue behavior of a BMG (LM001) and a BMG matrix composite with a 
ductile reinforcement phase (LM002) has been studied. The BMG shows longer 
fatigue lifetimes than the composite. Casting defects act as crack-initiation sites, 
which will degrade the fatigue resistance of BMGs and their composites. 
• The compression strengths of as-cast partially crystallized Zr-based BMGs are 
comparable to the tensile strengths of the corresponding fully amorphous alloys. 
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However, the four-point-bend fatigue-endurance limits of as-cast partially-
crystallized Zr-based BMGs are much lower than the tension-tension fatigue-
endurance limits of the corresponding fully amorphous alloys. A mirror-like 
shear plane was found at the beginning of the fracture surface and was the 
initiation site of a fatigue crack.  
• The fatigue-endurance limits of three-point bend samples that are comparable to 
those of uniaxial samples are larger than those of four-point bend samples. 
Testing volume seems to have a great effect on fatigue behavior. The 
crystallinity of BMGs could result in lower fatigue lifetimes. 
• The fatigue-crack striation spacing generally increased with increasing the 
stress-intensity-factor range regardless of the applied stress level. The fatigue-
crack-propagation behavior of BMGs was probably controlled by the stress-
intensity-factor range. 
• The fatigue crack can initiate from shear bands, inclusions, porosity, or clusters 
of particles. 
• No indications, such as vein-like structures or droplets, exist in the fatigue-
crack-propagation region, which demonstrates that the released elastic energy 
due to the crack growth is too low to melt the metallic glass locally. 
• The vein patterns and droplets with a melted appearance were observed in the 
apparent melting region, which could be consistent with the phenomenon 
observed by the IR image. The highest temperature occurred at the moment of 
fracture. 
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• The fatigue-endurance limit/tensile strength ratio seems to increase with 
increasing the Poisson’s ratio. The chemical elements with different Poisson’s 
ratios appear to affect the fatigue lives and endurance limits. Thus, through 
careful alloying-design efforts, it is possible to improve the fatigue resistance of 
BMGs. 
• The fatigue-endurance limits or fatigue ratios of Zr-based BMGs are generally 
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Table 1. Bulk metallic glasses and the calendar years when the first paper or 
patent was published [68-69]. 





Mg–Ln–M (Ln: lanthanide metal; M: Ni, Cu, Zn) 1988 






Zr–(Ti, Nb, Pd)–Al–TM 1995 
Fe–(Al, Ga)–(P, C, B, Si, Ge)  1995 
Fe–(Nb, Mo)–(Al, Ga)–(P, B, Si) 1995 
Cu–Zr–Ni–Ti 1995 
Pd–Cu(Fe)–Ni–P 1996 
Co–(Al, Ga)–(P, B, Si) 1996 
Fe–(Zr, Hf, Nb)–B 1996 
Co–(Zr, Hf, Nb)–B 1996 




Fe–Ga–(Cr, Mo)–(P, C, B) 1998 
La–Al–Ni–Cu–Co 1998 
Fe–(Nb, Cr, Mo)–(C, B) 1999 
Ni–(Nb, Cr, Mo)–(P, B) 1999 
Co–Ta–B 1999 
Ni–Nb 1999 
Zr-based glassy composites 1999 
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 Table 1. Continued. 
BMG System Year 
Fe–Ga–(P, B) 2000 
Zr–Nb–Cu–Fe–Be 2000 
Cu–(Zr, Hf)–Ti 2001 
Cu–(Zr, Hf)–Ti–(Y, Be) 2001 
Ni–Zr–Ti–Sn–Si 2001 
Cu–(Zr, Hf)–Ti–(Fe, Co, Ni) 2002 





Ni–Nb–(Sn, Ti) 2003 

























Table 2. Physical and mechanical properties of Zr41.2Cu12.5Ni10Ti13.8Be22.5 
(VITRELOY 1) at room temperature [3]. 
Property Value 
Density (kg/m3) 6,000 
Yong’s modulus (GPa) 96 
Poisson’s ratio 0.36 
Elastic stain limit (%) 2 
Tensile yield strength (GPa) 1.90 












(× 10-10 MPa m1/2)-m m ∆Kth (MPa m
1/2) 
25 6.6 1.4 1.25 
100 7.1 1.4 1.07 
140 5.9 1.4 1.14 
180 7.4 1.45 1.24 















Table 4. Mechanical properties of Zr50Cu40Al10, Zr50Cu30Al10Ni10, Zr50Cu37Al10Pd3, and Zr41.2Cu12.5Ni10Ti13.8Be22.5. 
Mechanical Properties Zr50Cu40Al10 Zr50Cu30Al10Ni10 Zr50Cu37Al10Pd3 Zr41.2Cu12.5Ni10Ti13.8Be22.5 # 
Hardness (HV) 506 513   499 534
Tensile Strength, σuts (MPa) 1,821    
    
    
    
    
1,900 1,899 1,900
Young’s Modulus, E (GPa) 89 93 90 96
Bulk Modulus (GPa)* 118.5 127.7 116.0 111.1
Shear Modulus (GPa)* 33.76 33.96 33.88 34.30
Poisson’s Ratio* 0.370 0.378 0.366 0.360
* Measured by Resonant Ultrasound Spectroscopy (RUS) 






Table 5. Summary of the compressive test and four-point-bend experiment results 
of the partially crystallized Zr-based BMGs. 
Properties Zr50Cu40Al10 Zr50Cu30Al10Ni10 Zr50Cu37Al10Pd3
Maximum Strength (MPa) 1,859 ± 23 1,907 ± 27 1,868 ± 13 
Plastic Strain (%) 0.17 ± 0.06 0.63 ± 0.2 0.11 ± 0.04 
Fracture plane inclination 
angle (°) 40.1 40.4 40.0 
Fatigue-Endurance Limit 
(MPa) 144 194 109 






Table 6. Fatigue-endurance limits and fatigue ratios based on the stress ranges of crystalline alloys. 





Limit, MPa Fatigue Ratio * 
300 M Steel  [35, 152, 158] 1,670     2.0 0.1 800 0.400
D6AC Steel Quenched and 
Tempered at 260oC [152, 158] 1,720    
     
     
     
    
    
     
2.0 -1 926 (690)# 0.463 
Ti-6Al-4V (GTEC) [159] 938 1.027 0.1 576 0.561
Hastelloy C2000 (Ni-based) 400 0.786 0.1 382 0.486
2090-T81 Al-Li Alloy [159] 483 0.517 0.1 250 0.484
Silicon Brass [160] 205 0.460 -1 228 (170)# 0.496 
Manganese Bronze [160] 195 0.490 -1 212 (158)# 0.433 
Zirconium, Grade 702 [159] 310 0.430 - 145 0.337
* Fatigue Ratio = Fatigue-Endurance Limit/Tensile Strength.  
# The fatigue-endurance limit based on the stress range at R = 0.1 is converted from the fatigue-endurance limit in the parenthesis 





















Composites [38] 3x3x30     25 0.1 Four-point bend ∼296 1.48 0.2
Zr41.2Cu12.5Ni10Ti13.8Be22.5, 
VITRELOY 1 [35] 3x3x50     25 0.1 Four-point bend ∼152 1.9 0.08
Zr55Cu30Al10Ni5 [161] 1x2x5      0.13 0.5 Tension - 1.77 -
Zr59Cu20Al10Ni8Ti3 [103] 6x3x1.5      1 0.1 Tension - 1.58 -
Zr52.5Cu17.9Al10Ni14.6Ti5 [103] 6x3x1.5      1 0.1 Tension - 1.66 -
Zr52.5Cu17.9Al10Ni14.6Ti5 [162] 3.5x3.5x30 10     0.1 Four-point bend 850 1.7 0.50
(Zr58Ni13.6Cu18Al10.4)99Nb1 [163] 2x2x25      10 0.1 Four-point bend 559 1.7 0.33
Zr50Cu37Al10Pd3 ∅2.98 10     0.1 Tension (notch) 983 1.899 0.52
Zr52.5Cu17.9Al10Ni14.6Ti5 [36] ∅2.98 10     0.1 Tension (notch) 907 1.7 0.53
Zr50Cu30Al10Ni10 ∅2.98 10     0.1 Tension (notch) 865 1.9 0.45
Zr50Cu40Al10 ∅2.98 10     0.1 Tension (notch) 752 1.82 0.41
Zr41.2Cu12.5Ni10Ti13.8Be22.5, LM001, 
Batch 59 ∅2.98 10     0.1 Tension (notch) 703 1.85 0.38
Zr41.2Cu12.5Ni10Ti13.8Be22.5, LM001, 
Batch 94 ∅2.98 10     0.1 Tension (notch) 615 1.85 0.33
Zr41.2Cu12.5Ni10Ti13.8Be22.5, LM001 ∅2.98 10     0.1 Tension (taper) 567 1.85 0.31
Zr56.2Cu6.9Ni5.6Ti13.8Nb5.0Be12.5 
LM002, Composite  ∅2.98 10     0.1 Tension (notch) 239 1.48 0.16
Fe48Cr15Mo14Er2C15B6 [164] 3x3x25    10 0.1 Four-point bend 673 ∼4.0 0.15 
(Cu60Zr30Ti10)99Sn1 3x3x25      10 0.1 Four-point bend 350 - -
Cu47.5Zr47.5Al5 [165] 3x3x25    10 0.1 Four-point bend 218 1.85* 0.12 
Cu47.5Zr38Hf9.5Al5  Composite [165] 3x3x25    10 0.1 Four-point bend 372 1.59* 0.23 












































Figure 2. Critical casting thickness for glass formation as a function of the year the 





















Figure 3. Relationship among the critical cooling rate (Rc), maximum sample 
thickness (Zmax), and reduced glass transition temperature (Trg) for typical bulk 
glassy alloys. The data of ordinary amorphous alloys, previously reported Pd- and 












































Figure 4. Relationship between Rc, Zmax, and the temperature interval of the 






























Figure 5. Correlation between the critical cooling rate and the parameter, γ, for 




































Figure 7. Typical DSC curves for BMGs showing the definitions of characteristic 





















Figure 8. Compressive stress–strain curves of cast (Fe0.75B0.15Si0.1)96Nb4 BMG rod 













































Figure 9. Relationship between tensile strength or Vickers hardness and Young’s 

































Figure 10. The correlation of fracture strength (σf) and Vickers hardness (Hv) with 
































Figure 11. The correlation of the Vickers hardness (Hv) with fracture strength (σf) 




















Figure 12. The correlation of the elastic modulus (E) with glass transition 




















Figure 13. Stress-strain curves for Zr52.5Cu17.9Al10Ni14.6Ti5 metallic glassy specimens 
at different strain rates. Compressive tests were performed at strain rates of 10-3/s 





















Figure 14. Effect of temperature on the uniaxial stress-strain behavior of 
VITRELOY 1 at strain rate 1.0 × 10-1 /s and temperatures T = 295, 523, 643, 663 
and 683 K. The stresss train curves have been shifted to the right to avoid 
overlapping curves of similar shapes and sizes [3]. 
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y = -0.0106x + 0.0253








































Figure 15. Variation of the normalized strength as a function of the normalized 




















Figure 16. Effect of strain rate on the uniaxial stress-strain behavior of VITRELOY 
1 at temperature T = 643 K and strain rates of 1.0 × 10-1, 3.2 × 10-2, 5.0 × 10-3 and 2.0 
× 10-4 /s. The stress-strain curves have been shifted to the right to avoid overlapping 


















Figure 17. Backscattering SEM images of polished and chemically etched cross 
sections of composites C and H. The β phase dendrites appear bright, the fully 
amorphous matrix phase appears dark. A mixture of diluted fluoric and phosphoric 




























































Figure 19. Stress/life data are presented in terms of the stress amplitude normalized 
by the tensile strength plotted as a function of the number of cycles to failure for 







































































Figure 21. Stress-range/fatigue-life data of notched BMG-11 specimens tested in air 

























 Zr50Al10Cu40 in air
 Zr50Al10Cu40 in vacuum
 Zr50Al10Cu30Ni10 in air












R = 0.1 
Figure 22. Stress-range/fatigue-life data of notched Zr50Cu40Al10 and Zr50Cu30Al10 



























 Zr41.2Ti13.8Cu12.5Ni10Be22.5 (Batch 59)












R = 0.1 
in air 
Figure 23. Stress-range/fatigue-life data of notched Zr41.2Cu12.5Ni10Ti13.8Be22.5 
























































Figure 25. (a) Rotating-beam fatigue test with four-point bending mechanism  and 























































No Composition Volume Change (%) 
σe 





1 Zr50Cu37Al10Pd3 0.48 1050 7 Zr50Cu33Al10Pd7 0.25 550 
2 Zr50Cu35Al10Pd5 0.35 800 8 Zr50Cu39.5Al7.5Pd3 0.12 500 
3 Zr50Cu38Al10Pd2 0.28 700 9 Zr52.5Cu37Al7.5Pd3 0.12 450 
4 Zr50Cu39Al10Pd1 0.21 650 10 Zr52.5Cu34.5Al10Pd3 0.31 800 
5 Zr50Cu34.5Al12.5Pd3 0.25 600 11 Zr55Cu32Al10Pd3 0.28 750 
6 Zr47.5Cu39.5Al10Pd3 0.25 600 12 Zr47.5Cu37Al12.5Pd3 0.33 800 
Figure 28. Relationship between the volume change and fatigue limit of tilt cast 
Zr50Cu40-XAl10PdX (X: 0-7 at %) and Zr97-X-YCuXAlYPd3 (X: 27-42 at %, Y: 7.5-12.5 





























Figure 29. Scanning electron micrograph of the boundary between fatigue and final 
fracture on the surface of an S-N beam broken under cyclic loads (N ~ 1.3 × 106 
cycles, σa = 90 MPa). The arrow represents the nominal direction of crack 



































Figure 30. Fatigue-fractured surface of tilt cast Zr50Cu37Al10Pd3 BMG with applied 

















































Figure 31. (a) Overall fatigue fractography of the Zr50Cu40Al10 specimen tested at 
σmax = 1,152 MPa; (b) fatigue-crack-initiation site; (c) fatigue-crack-growth region; 










































































































R = 0.1, 25 Hz 
In air
Figure 32. Results in the form of growth rates, da/dN, plotted as a function of ∆K 
are compared with the behavior in a high-strength steel (300-M) and an age-















Figure 33. Scanning electron micrographs of fatigue fracture surfaces in the fully 
amorphous alloy grown at R = 0.1, 25 Hz. In (a), ∆K ~ 3 MPa.m1/2 and da/dN ~ 10-10 
m/cycle, whereas in (b), ∆K ~ 10 MPa.m1/2 and da/dN ~ 10-8 m/cycle. The arrow 












































Applied Stress Intensity Range, ∆K (MPa·m1/2)
Zr41.25Ti13.75Cu12.5Ni10Be22.5 
R = 0.1, 20 Hz 
In air 














































Figure 35. Observed fatigue threshold at various testing temperatures. The upper 
curve is the fatigue threshold with respect to the applied stress-intensity range, 












































Figure 36. Fracture toughness plotted as a function of annealing time for specimens 






















Figure 37. Scanning electron micrographs at increasing magnification of overload 
fracture surfaces in (a) through (c) the fully amorphous alloy and (d ) a partially 
crystallized specimen annealed at 633 K for 12 h. The arrow indicates the direction 



































 Fused silica  Window glass  Toughened (partially crystallized) glass
 Mg65Cu25Tb10  Ce70Al10Ni10Cu10  Fe50Mn10Mo
14Cr4C16B6
 Cu60Zr20Hf10Ti10  Zr57Nb5Cu15.4Ni12.6Al10  Pd77.5Cu6Si16.5




 Zr41Ti14Cu12.5Ni10Be22.5  3/4 h @ 623K  1.5 h @ 623K


















Figure 38. The correlation of fracture energy G with Poisson’s ratio ν for all the 
collected data on metallic glasses (as-cast and annealed) as well as for oxide glasses. 



























Figure 39. The deformation map of Pd40Ni40P20 and Mg65Cu25Gd10 metallic glasses, 
plotting the effective strain rate during indentation vs. the homologous test 
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Figure 40. Comparison between glass-transition temperature and calculated shear-

































































10.00 mm 5.00 mm 
(a) 
(b) 
Figure 42. Four-Point Bending Setup (a), Three-Point Bending Setup (b), and Beam 



















Figure 43. XRD diffraction patterns of Zr50Cu40Al10, Zr50Cu30Al10Ni10, 



















































   














 Zr41.2Cu12.5Ni10Ti13.8Be22.5 (Batch 59)











In air  






865 MPa Zr50Cu30Al10Ni10 
r50Cu40Al10
Zr41.2Cu12.5Ni10Ti13.8Be22.5 (Batch 59) 615 MPa Zr41.2Cu12.5Ni10Ti13.8Be22.5 (Batch 94) 
Figure 45. Stress-range/fatigue-life data of Zr50Cu40Al10, Zr50Cu30Al10Ni10, 











































Figure 46. (a) overall fatigue fractography of the Zr50Cu37Al10Pd3 specimen tested at 
σmax = 1,152 MPa; (b) crack-propagation region; (c) boundary between the crack-
growth region and final fast fracture region; (d) final fast fracture region, and (e) 
local melting phenomena. 
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Oxide Inclusions: Fatigue-Crack-Initiation Site
Figure 47. Fatigue fractography of the Zr41.2Cu12.5Ni10Ti13.8Be22.5 (Batch 94) 
























Figure 48. Fatigue morphology of a cluster of particles region of the Zr50Cu37Al10Pd3 






















































































































































Figure 53. (a) Meshed 3-D model; (b) a contour plot of the axial stress distribution. 
  










 Zr41.2Cu12.5Ni10Ti13.8Be22.5 (Batch 59)
 Zr41.2Cu12.5Ni10Ti13.8Be22.5 (Batch 94)
 Batch 59 based on FEM































Figure 54. The comparison of stress-range/fatigue-life data between Kt = 1.55 and Kt 
= 1.49. 
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 Zr50Cu40Al10 in vacuum
 Zr50Cu30Al10Ni10 in vacuum


































Figure 55. Stress-range/fatigue-life data of notched Zr50Cu40Al10, Zr50Cu30Al10Ni10, 
and Zr50Cu37Al10Pd3 specimens tested in vacuum. 
 
 
   








 Zr50Cu40Al10 in air
 Zr50Cu40Al10 in vacuum
 Zr50Cu30Al10Ni10 in air
 Zr50Cu30Al10Ni10 in vacuum
 Zr50Cu37Al10Pd3 in air











In air and vacuum 


















Figure 56. Stress-range/fatigue-life data of notched Zr50Cu40Al10, Zr50Cu30Al10Ni10, 



































































































 Linear fit of LM001
































Figure 59. Stress-range/fatigue-life data of LM001 and LM002 specimens tested in 
air with R = 0.1 and a frequency of 10 Hz. 
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Figure 60. (a) Overall fatigue fractography of the LM001 specimen tested at σmax = 769 
MPa; (b) crack-initiation site; (c) fatigue crack-growth region at higher magnification; 
(d) transition between fatigue-crack-growth region and fast fracture; (e) fast fracture 

































































































































































Figure 61. (a) Overall fatigue fractography of the LM002 specimen tested at σmax = 391 
MPa; (b) crack-initiation site; (c) fatigue crack-growth region at higher magnification; 
(d) transition between fatigue-crack-growth region and fast fracture; (e) fast fracture 















































































































































 Linear fit of LM001













VITRELOY 1 (Gilbert et al.) 






















Figure 63. The comparison of stress-range/fatigue-life results among the current 








































Figure 64. XRD diffraction patterns of the partially crystallized Zr50Cu40Al10, 

















































Figure 65. Four-point-bend stress-range/fatigue-life data of the partially crystallized 















































Figure 66. A side view of the Zr50Cu30Al10Ni10 sample fractured under the 
compression test: (a) Inclination angle with respect to loading axis. (b) A secondary 




















































Figure 67. A top view of the fracture surface of the Zr50Cu30Al10Ni10 specimen 
deformed in compression at a strain rate of 10-4 /s. (a), (b), and (c) show the 













































































































Figure 68. (a) overall fatigue fractography of the Zr50Cu40Al10 specimen; (b) 
boundary between the crack-growth region and fast fracture region; (c) fatigue 



































































































































50 40 10 r50 u30 l10 10 50 37Al10Pd3
(MPa)
Figure 69. Comparison of mechanical properties between fully amorphous and 
partially crystallized BMGs [42, 119]. 
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 4-Point Bend, BMG-11
 Tension-Tension, BMG Composite
































Figure 70. (a) Comparison of fatigue behavior between fully amorphous and 
partially crystallized BMGs, (b) comparison of fatigue behavior between tension-
















































Figure 71. (a) Honeycomb-like feature on the fatigue-fracture surface; (b) clusters of 
























Figure 72. Shear bands near the corner of four-point-bend specimen. 
  








 3-point bend on Zr50Cu40Al10
 3-point bend on Zr50Cu30Al10Ni10
 4-point bend on Zr50Cu40Al10
 4-point bend on Zr50Cu30Al10Ni10
 Tension-tension on Zr50Cu40Al10





























Figure 73. Three- and four-point bend stress-range/fatigue-life data of BMG 
specimens tested in air with R = 0.1 and a frequency of 10 Hz. Tension-tension 
























































Figure 74. (a) overall three-point-bend fatigue fractography of the Zr50Cu30Al10Ni10 











































































“Swirl” Pattern Crystallization 
























Cluster of Particles 
Crack-Growth Region





















Figure 75. (a) “Swirl” pattern crystallization feature on the fatigue-fracture surface; 



















































Figure 76. Photo showing the moment of fracture (a) a Zr50Cu30Al10Ni10 specimen in 
air, (b) a Zr50Cu30Al10Ni10 specimen in vacuum,  and a Zr41.2Cu12.5Ni10Ti13.8Be22.5 






























































Figure 77. Microcracks associated with shear bands and shear-off steps formed on 
the outer surface near the fracture surface of Zr50Cu30Al10Ni10 specimen tested at 
σmax = 1,133 MPa. (a) microcracks, shear-off steps, and shear bands; and (b) "A" 
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  Shear-off step 
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Loading Direction 
Figure 78. A proposed fatigue-crack-initiation mechanism: (a) formation of shear 













































































 At Maximum Stress of 960 MPa
 At Maximum Stress of 1133 MPa




















In air  
R = 0.1, 10 Hz
Zr50Cu40Al10 BMGs 
s ≈ 6
for crystalline alloys 
Figure 81. The striation spacing versus stress-intensity-factor range of (a) 


































 At Maximum Stress of 1133 MPa














In air  






































 At Maximum Stress of 1133 MPa
 At Maximum Stress of 1152 MPa














In air  









for crystalline alloys 
 



































 Fine Striation of Zr50Cu40Al10
 Fine Striation of Zr50Cu30Al10Ni10













In air  
R = 0.1, 10 Hz
Zr50Cu37Al10Pd3 
s ≈ 6







⎛ ∆s = 0.02564











































































































 Zr50Cu40Al10 in air
 Zr50Cu40Al10 in vacuum
 Zr50Cu30Al10Ni10 in air
 Zr50Cu30Al10Ni10 in vacuum
 Zr50Cu37Al10Pd3 in air













































2 ) In air and vacuum 
R = 0.1, 10 Hz










































































































Figure 87. (a) the relationship between fatigue limit/tensile strength and shear 
modulus/bulk modulus; (b) the relationship between fatigue limit/tensile strength 













































Figure 88. Fatigue-endurance limit vs. yield strength data of BMGs and crystalline 















































Figure 89. (a) Stress-range vs. fatigue-life data and (b) stress-range/tensile-strength 
vs. fatigue-life data of BMGs and crystalline alloys [35-36, 38, 103, 152, 158-165].







































Zr55Cu30Al10Ni5 (Tension by Yokoyama et al.) [161] 
Zr59Cu20Al10Ni8Ti3 (Tension by Zhang et al.) [103] 
Zr52.5Cu17.9Al10Ni14.6Ti5 (Tension by Zhang et al.) [103] 
Zr52.5Al10Ti5Cu17.9Ni14.6 (Tension) [36] 
Zr50Cu40Al10 (Tension) [Present] 
Zr50Cu30Al10Ni10 (Tension) [Present] 
Zr50Cu37Al10Pd3 (Tension) [Present] 
Zr41.2Ti13.8Cu12.5Ni10Be22.5 (Tension) [Present] 
Zr52.5Al10Ti5Cu17.9Ni14.6 (4-Point Bend) [162] 
(Zr58Ni13.6Cu18Al10.4)99Nb1 (4-Point Bend) [163] 
Zr56.2Ti13.8Nb5.0Cu6.9Ni5.6Be12.5 Composite, LM002 (Tension) [Present] 
Zr47Ti12.9Nb2.8Cu11Ni9.6Be16.7 Composite (4-Point Bend by Flores et al.) [38] 
Zr .2Ti .8Cu 5Ni Be22. , VITRELOY 1 (4-Point Bend by Gilbert et al.) [35] 41 13 12. 10 5
Fe48Cr15Mo14Er2C15B6 (4-Point Bend) [164] 
300 M Steel [35, 152, 158] 
D6AC Steel [152, 158]
Ti-6Al-4V Alloy [159] 
Hastelloy C2000 [Present]
2090-T81 Al-Li Alloy [159]
(Cu60Zr30Ti10)99Sn1 (4-Point Bend) [164] 
Cu47.5Zr38Hf9.5Al5 Composite (4-Point Bend) [165] 
Cu47.5Zr47.5Al5 (4-Point Bend) [165] 
Silicon Brass [160] 
Zirconium [159] 
































Figure 89. Continued. 




































Zr55Cu30Al10Ni5 (Tension by Yokoyama et al.) [161] 
Zr59Cu20Al10Ni8Ti3 (Tension by Zhang et al.) [103] 
Zr52.5Cu17.9Al10Ni14.6Ti5 (Tension by Zhang et al.) [103] 
Zr52.5Al10Ti5Cu17.9Ni14.6 (Tension) [36] 
Zr50Cu40Al10 (Tension-Tension) [Present] 
Zr50Cu30Al10Ni10 (Tension) [Present] 
Zr50Cu37Al10Pd3 (Tension) [Present] 
Zr41.2Ti13.8Cu12.5Ni10Be22.5 (Tension) [Present] 
Zr52.5Al10Ti5Cu17.9Ni14.6 (4-Point Bend) [162] 
(Zr58Ni13.6Cu18Al10.4)99Nb1 (4-Point Bend) [163] 
Zr56.2Ti13.8Nb5.0Cu6.9Ni5.6Be12.5 Composite, LM002 (Tension) [Present] 
Zr47Ti12.9Nb2.8Cu11Ni9.6Be16.7 Composite (4-Point Bend by Flores et al.) [38] 
Zr41.2Ti13.8Cu12.5Ni10Be22.5, VITRELOY 1 (4-Point Bend by Gilbert et al.) [35] 
Fe48Cr15Mo14Er2C15B6 (4-Point Bend) [164] 
300 M Steel [35, 152, 158] 
D6AC Steel [152, 158]
Ti-6Al-4V Alloy [159] 
Hastelloy C2000 [Present]
2090-T81 Al-Li Alloy [159]
Cu47.5Zr38Hf9.5Al5 Composite (4-Point Bend) [165] 
Cu47.5Zr47.5Al5 (4-Point Bend) [165] 
Silicon Brass [160] 
Zirconium [159] 
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